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ABSTRACT 
DRY SLIDING WEAR OF METALS: 
FROM SUBSURFACE MICROSTRUCTURE TO TRIBOLOGICAL BEHAVIOR  
 
Dry sliding wear behavior of Cu-15Ni-8Sn bronze was studied by performing pin-on-disc 
wear tests against different counterface materials under various loads. The microstructure 
of the debris, worn surface and subsurface of the bronze were characterized using 
scanning electron microscopy (SEM), transmission electron microscopy (TEM), and 
energy dispersive spectroscopy (EDS). Two different types of debris particles, fine 
granular oxides and large flaky debris, were observed. A mechanically mixed layer, 
followed by a severely plastically deformed layer, formed at the sliding surface on top of 
the heavily deformed bulk material. The presence of the mechanically mixed layer was 
observed to improve significantly the wear resistance of the CuNiSn bronze. 
 
Orientation imaging microscopy was employed to analyze the severely deformed layer 
produced in Cu-15Ni-8Sn bronze and Ni pins by dry sliding wear under various loads and 
temperatures. In all cases, a nanograined layer that possesses significant crystallographic 
texture was observed. The dominant texture components were shear texture components. 
While the geometry of the pin-on-disk test imposed symmetry constraints on the possible 
texture components, the selection of the dominant texture components was affected by 
pin material's properties and by sliding conditions. In the case of the bronze pin, 
increasing the temperature of the wear test from room temperature to 330˚C led to an 
inversion of the relative intensity of texture components, while decreasing the load led to 
the stabilization of new texture components. These low-load texture transitions were 
correlated with a significant increase in friction coefficient.  
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Grain re-orientation resulting from severe plastic deformation introduced by dry sliding 
wear was measured using electron-backscattered diffraction (EBSD) in Cu-15Ni-8Sn 
bronze. Polycrystalline samples with a large initial grain size, ≈ 150 µm, as well as single 
crystals were investigated. The continuous evolutions of local grain re-orientation as a 
function of deformation in polycrystalline and single crystalline samples were measured, 
up to large equivalent plastic strains, ≈ 190%. These experimental results were compared 
with predictions from several plasticity models,  such  as  Sachs  model,  rate-dependent  
Taylor  model  with  full  or  relaxed constraints,  and  an  intermediate  Sachs-Taylor 
model to gain new understanding on single-grain plasticity. 
 
Microstructural heterogeneity was observed in the vicinity of grain boundaries in 
polycrystal Cu-15Ni-8Sn during simple plastic deformation induced by pin-on-disc wear 
tests. The orientation gradient zone was measured ~ 2 – 4 µm near a 50o high angle grain 
boundary. The lattice curvature was studied in terms of geometrically necessary 
dislocations calculated from the orientation difference between neighboring points in 
space. Periodic microstructural instability was systematically observed at the leading 
edge of twin boundaries in CuNiSn pins after self-mated wear test. The dynamic response 
of steady sliding and the preferred orientation developed during plastic deformation were 
discussed on the basis of these observations. 
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CHAPTER 1 
INTRODUCTION 
1.1 Background 
Tribology is the science and technology of interacting surfaces in relative motion; 
generally speaking, it deals with every aspect of friction, lubrication，and wear [1]. The 
application of tribological knowledge can be dated back as early as 3000 BC when 
ancient Egyptians used logs as rollers under the giant blocks of granite to build the Great 
Pyramids. Nowadays, the knowledge of tribology is widely applied from the design of 
running shoes to brake systems in racing cars, from material selection in hip joints in 
orthopedic surgery to self-lubricating coatings for satellites, from wear and friction 
control in hard disc drives to bearings in most machinery, just to name a few.  
 
In tribology, wear is defined as a progressive damage process with material loss which 
occurs on the surface of moving objects or bounding faces of a solid with its working 
environment [2]. The economic consequence of wear is immense. Recent studies estimate 
that roughly one third of our global energy is consumed in friction and wear; in the US, 
the damage from machine and engine wear represents about 6 percent of the gross 
national product (GNP) [1]. In most engineering applications, different forms of 
lubricants and/or surface coatings are used to avoid excessive wear and damage. But 
when these lubricants or coatings are absent, severe wear usually occurs between the 
contacting materials with a high friction coefficient generally ranging from 0.6 to 1.2 and 
causing catastrophic damage. Thus a comprehensive understanding of dry sliding wear of 
metals, from microstructure evolution to tribological behavior, is of great importance.  
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1.1.1 Wear laws and mechanisms 
Wear is a complicated phenomenon. First of all, wear resistance is not a material property, 
but rather a system‟s behavior [3]. Numerous variables (from the working condition, 
environment and the material) come into play simultaneously during wear: velocity [4], 
load [5], shear rate [6], temperature [7], humidity [8], surface roughness [9], material‟s 
hardness [10], grain size [11-12], etc. Secondly, plastic deformation, mechanical mixing, 
and materials transfer during wear introduce multiple length and time scales to the 
system. Thirdly, these different processes interplay at the contacting surface and tend to 
drive materials into nonequilibrium status, similar to what happens in ball milling and ion 
irradiation.  
 
In order to predict wear and friction of sliding components, more than 300 equations and 
models have been developed, and more than 1,000 papers have been published that 
discuss substantially various mechanisms of wear and friction as surveyed by Meng and 
Ludema in 1995 [13]. However the majority of these models are developed for specific 
materials and working conditions, and they have great limitations for general use. Among 
them, the most successful and widely used law was proposed by Archard in 1953 [10]. 
This empirical law states that the wear rate 𝑤, which is defined as material‟s volume loss 
divided by sliding distance, is directly proportional to the applied load and inversely 
proportional to the hardness, that is 
                                      𝑤 = 𝐾 ×
L
H
 ,                                                     (1.1)                                                                           
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where the dimensionless constant 𝐾 is the wear coefficient, L is the applied load and H is 
the surface hardness of the wearing material. For unlubricated adhesive wear of metals, 
the wear coefficient is usually in the order of 10
-7
~10
-3
 [1].  
 
The lack of generality of wear models may be attributed to the fact that depending on the 
materials in contact, the environment, and the operating conditions, wear can occur by 
many different mechanisms. Major wear mechanisms which are characterized primarily 
by the mechanical behavior of materials under a given loading condition are listed in 
Table 1.1. In many situations several wear mechanisms operate simultaneously, but there 
is usually one primary rate-determining mechanism. By analogy to deformation 
mechanism maps, Lim and Ashby [14] constructed wear mechanism maps which allow 
dominant mechanisms for any given set of wear conditions to be identified.  An example 
of an empirical wear mechanism map for steel is given in Fig.1.1. Regions of the map 
associated with different wear mechanisms are traversed by contours of normalized wear 
rate. It can be seen that at lower velocity range, wear is controlled essentially by 
mechanical processes and the wear rate depends on the normal pressure but not so much 
on sliding velocity; while at higher velocity range, thermal effects become dominant and 
wear become functions of both normal pressure and sliding velocity. Wear maps are 
useful guidelines but the ignorance of materials‟ microstructure evolution has greatly 
limited their uses.   
 
1.1.2 Microstructure evolution during dry sliding wear 
Dry sliding wear (or unlubricated wear) of metals induces extensive surface and 
subsurface chemical and structural changes [15]. Material transfer from one surface to 
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another, mechanical mixing, and wear debris generation etc., are usually observed at the 
contacting surfaces. Fig.1.2 shows the typical subsurface microstructure of materials 
during dry sliding wear. Three different zones are identified according to their distinct 
structures [16]. Zone 1 consists of undeformed bulk material far away from the sliding 
surface; zone 2 is a plastically deformed intermediate region which undergoes grain 
refinement close to the surface under large plastic strain; zone 3, right below the sliding 
surface, is a mixture of nanocrystalline bulk material, transferred materials from the 
counterface, and oxides formed between the surface material and the environment. This 
layer is commonly referred as tribolayer, transfer layer, 3
rd
 body or mechanically mixed 
layer (MML) [15-16].  
 
The importance of tribolayer to materials‟ tribological behavior is widely acknowledged. 
Tribolayer transmits loads, separates contacting surfaces, accommodates velocity 
gradient, produces wear debris, and can be destroyed and regenerated during wear [17-
19]. The thickness of the tribolayer is not uniform, and may vary from a few nm to 
hundreds of µm [20]. The microstructure of tribolayer is so distinct that it is usually 
separated from the bulk by a sharp interface, e.g. see Fig 1.3 by David Rigney et al. [18-
19]. Severe plastic deformation during wear refines subsurface grains so a hard tribolayer 
is usually formed [11, 21-24]. However, the opposite has also been observed. 
Venkatraman and Sundararajan [20] found a soft sub-layer forming in Al-SiC composite 
sliding against hardened steel due to fragmentation of SiC particles and voids formation 
at the surface.  Wang and Rigney [25] studied sliding wear of Pb-Sn disc against steel 
ball in vacuum and observed a negative hardness gradient over 300µm below the wear 
surface. This work-softening is related to dynamic recovery and grain coarsening under 
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large plastic strain. Till now, predicting the structure and properties of this complex 
tribolayer given the starting materials and conditions remains a great challenge. Thus 
comprehensive characterization of the microstructure and chemistry of tribolayers is 
necessary in order to offer new insights on the formation mechanism of tribolayers and 
connect their characteristic structures with material‟s wear and friction response. 
 
1.1.3 Plastic deformation during dry sliding wear 
Sliding wear of metals and metallic alloys leads to high shear stresses and strains at the 
contacting surfaces, resulting into intense plastic deformation. This severe plastic 
deformation translates into a high dislocation density, and, in the topmost region of the 
worn subsurface, the formation of layers comprised of cells separated by high angle 
boundaries, most likely resulting from dynamic recovery of dislocation structures, 
followed by elongated or equiaxed nanocrystalline grains near the sliding surface [18, 21-
22]. The strain profile in the subsurface material can be measured using various marker 
displacement techniques (grain boundaries [22], marker foils [24], laminated composites 
[23], flow lines [20] etc.). This plastic strain is observed to increase exponentially and 
reach its maximum at the surface [18]. Typical values of the maximum strain at the 
surface is usually in the order of 1 ~ 10 [18]. The strain rate has been anticipated by some 
authors to be as high as 10
2
 s
-1
 [6]. However, this extrapolation can be speculative since 
markers cannot be observed in the tribolayer [21]. 
 
Similar to metal forming processes such as rolling and extrusion, the severe plastic 
deformation induced by sliding wear may lead to the development of crystallographic 
textures in the subsurface material. For example, Wheeler and Buckley [26] performed 
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self-mated Pin-On-Disc (POD) tests for Cu, Ni, Fe, and Co, and analyzed the texture by 
XRD. For Cu, they reported a tendency for {111} to lie in the sliding plane. Rainforth et 
al. [21] observed twinning and shear bands in 316 stainless steel after wear, and found the 
subsurface texture was dominated by A/A  shear texture component (see Chapter 3 for a 
detailed discussion of shear textures). Since crystallographic textures are closely related 
to material‟s anisotropic mechanical properties, including wear and friction response, a 
better understanding of the relationship between various material/testing parameters and 
the texture formation will improve our ability to design working conditions and optimize 
material properties in order to minimize wear.     
 
From a more general point of view, it is also interesting to note that surface materials 
under constant wear and friction tend to be driven into non-equilibrium status [27-29], 
similar to those in ball-milling [30], under ion irradiation [31], or during severe plastic 
deformation [32]. In these nonequilibrium systems, when several processes are present 
and compete with each other, dynamical phase transitions are often observed. For 
example, Singh and Alpas [33] observed a sharp transition from mild to severe wear in a 
Ti50Ni47Fe3 intemetallic alloy when sliding velocity is changed in a rather small range 
from 2.7 to 3 m/s. A steady state is not always achieved in nonequilibrium systems. Kasai 
et al. [34] found a nearly periodic Kelvin probe signal in bronze pin sliding against a 
brass disc in air, indicating the periodic change of surface chemistry and structure and an 
absence of steady-state. The well-known stick-slip frictional behavior in a lot of 
elastomers under low sliding velocity and/or high normal pressure is another example of 
the absence of steady-state during wear [35]. Careful study of these nonequilibrium 
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materials and dynamical systems will thus improve our understanding of the fundamental 
physics of wear and friction.   
 
1.2 Organization of thesis 
In order to develop a better understanding of the relationship between materials‟ 
microstructure evolution and their macroscopic trobological behavior, pin-on-disc wear 
tests of Cu-15wt%Ni-5wt%Sn (primary), Ni, and Cu are performed. All materials 
selected are single phase fcc materials. Dry sliding wear tests are performed in order to 
study materials‟ behavior during severe wear when lubrication or protective coatings are 
absent. The chapters of the thesis are organized as follows:   
Chapter 2: Dry sliding of Cu-15Ni-8Sn bronze: wear behavior and microstructures  
 This chapter describes the response of Cu-15Ni-8Sn bronze to pin-on-disc 
tribological testing. The microstructure of the debris, worn surface and subsurface of the 
pin were characterized using scanning electron microscopy (SEM), transmission electron 
microscopy (TEM), and energy dispersive spectroscopy (EDS). The debris is found to 
comprise of particles of Fe2O3 and CuO phases in addition to bronze particles. SEM 
micrographs on cross-section samples revealed the formation of subsurface cracks, in the 
vicinity of the interface between the deformed subsurface layer and the severely 
plastically deformed layer. Cross-sectional TEM shows the formation of two sublayers in 
the mechanically mixed layers, which comprise nanograins with varying grain size and 
composition. Wear processes are discussed in light of these microstructural observations, 
combined with wear rate and friction coefficient measurements. 
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Chapter 3: Crystallographic textures and texture transitions induced by sliding wear 
in bronze and nickel  
The main texture components present in steady-state wear in bronze (Cu-15Ni-
8Sn) and Ni pins worn under dry sliding conditions against a bronze disk were 
determined using orientation imaging microscopy. The dominant texture components 
were shear texture components, namely {112}<110>, {111}<112>, and {100}<110>. 
While the geometry of the pin-on-disk test imposed symmetry constraints on the possible 
texture components, the selection of the dominant texture components was also affected 
by the pin material‟s properties and by sliding conditions. Increasing the temperature of 
the wear test from room temperature to 330˚C led to an inversion of the relative intensity 
of texture components, while decreasing the load led to the stabilization of new texture 
components in bronze. The potential impact of crystallographic textures, and textures 
transition as wear test parameters are varied, on the friction and wear response of metallic 
alloys subjected to dry sliding wear were discussed. 
 
Chapter 4: Single grain plasticity in simple shear  
 Grain re-orientation resulting from severe plastic deformation introduced by dry 
sliding wear was measured using electron-backscattered diffraction (EBSD) in a Cu-
15Ni-8Sn bronze. Polycrystalline samples with a large initial grain size, ≈ 150 µm, as 
well as single crystals are investigated. Strain and strain rate profiles were obtained from 
marker displacement measurements. This novel approach makes it possible to measure in 
one sample the continuous evolution of local grain re-orientation as a function of 
deformation in polycrystalline and single crystalline samples, up to large equivalent 
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plastic strains, ≈ 190% in the present study. These experimental results were directly 
compared to grain plasticity models to gain new understanding on single-grain plasticity. 
 
Chapter 5: Grain boundary effect in simple shear  
Microstructural heterogeneity has been widely observed in the vicinity of grain 
boundaries in polycrystal materials during plastic deformation. This heterogeneity, 
characterized by orientation gradient or lattice curvature, is a result of inter- and intra-
granular incompatibility due to the presence of grain boundaries. In this chapter, grain 
boundary effect on grain reorientation and subdivision over a large deformation history 
was studied by taking advantage of the sharp strain gradient induced by sliding wear. 
Periodic microstructure instability was observed at the leading edge of twin boundaries 
systematically in CuNiSn bronze. The effect of special grain boundaries during simple 
shear was discussed on the basis of these observations. 
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1.4 Figures and tables 
                 
Figure 1.1. The Ashby wear mechanism map for steel using pin-on-disc configuration 
[14]. 
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Figure 1.2. Typical microstructure under contact surface during dry sliding wear  [16].  
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Figure 1.3. TEM image of longitudinal cross-section of OFHC copper after sliding 
against 440C steel [18].  
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Table 1.1. Classification of wear [2]. 
 Type    Typical characteristics and definitions 
Adhesive wear (Sliding wear)               Plastic deformation, crack nucleation, and propagation     
                                                                         in the subsurface.  
Abrasive wear                               Hard particles or hard surface asperities plowing and cutting 
                                                                        the surface in relative motion. 
Erosive wear                                               Due to solid particle impingement, large subsurface 
                                                                        deformation, crack nucleation, and propagation. Sometimes 
                                                                        the surface is cut by solid particles when the impingement 
                                                                        angle is shallow. 
Fatigue wear                                             Fatigue crack propagation takes place, normally perpendicular 
                                                                        to the surface, without gross plastic deformation under cyclic 
                                                                        loading conditions. 
Oxidative wear                                         Formation of weak, mechanically incompatible oxide layer. 
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CHAPTER 2 
DRY SLIDING WEAR OF Cu-15wt.%Ni-8wt.%Sn BRONZE: WEAR BEHAVIOR 
AND MICROSTRUCTURES
1
 
 
 
2.1 Introduction 
Many studies have been performed to understand wear responses of metallic materials, 
but few have combined wear testing with materials‟ microstructural characterization [1-
5]. The goal of the present work is to apply advanced structural and analytical tools to 
elucidate the relationship between materials‟ tribological response and their 
microstructure evolutions. During sliding wear of two solid bodies, a tribolayer is usually 
formed at the surfaces with both chemical composition and microstructure distinct from 
that of the two bodies in contact. The importance of this layer on materials‟ friction and 
wear response has been well acknowledged [1, 6]. By performing wear tests of 
radioactive brass pin against tool steel ring in both lubricated and unlubricated 
conditions, Kerridge and Lancaster found the wear debris were formed entirely from the 
tribolayer, with no direct wear of the pin [7]. Rigney and coworkers studied sliding wear 
of pure Cu and showed that the tribolayer is separated from the bulk material by a rather 
sharp interface, and consists of randomly oriented, equiaxed nanograins about 5–20 nm in 
size [8-9]. They also proposed that the presence of oxides formed from surface materials 
and the environment plays an important role in stabilizing these small grain sizes. 
                                                 
1
 Part of the content in this chapter has been published in J. B. Singh, W. Cai, P. Bellon, “Dry 
sliding of Cu–15 wt%Ni–8 wt%Sn bronze Wear behavior and microstructure”, Wear 263 (2007) 
830. 
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Rainforth and coworkers studied the subsurface microstructure evolution in Fe-base and 
Al-base alloys [2, 10]. They reported work hardening of the subsurface material and the 
flow stress reaches a maximum in the tribolayer, which can provide improved wear 
resistance. Wu et al. [11] found that the formation of a lubricious tribolayer at the 
contacting surface is responsible for low friction coefficient of DLC/WC/WS2(WCS) 
nanocomposite coatings. By performing molecular dynamics (MD) simulations, they 
observed vorticity in these tribolayers which is induced by an instability at the sliding 
surface, with sizes similar to those of nanograins.  They proposed that this instability, 
similar to Kelvin-Helmholtz instability [12-13] in fluid flow, is responsible for the 
mechanical mixing at the tribolayer. The presence of this instability is yet to be verified 
experimentally since MD simulations are limited to high strain rates and short time 
scales. Schouwenaars et al. [14] observed vortex plastic flow around soft Sn particles (10 
- 20 µm in size) in Cu-Pb alloy after wear. However, this vortex formation might simply 
due to stress concentration at the periphery of the imbedded particles, thus deviate from 
the general picture of mechanical mixing in tribolayers.   
 
Despite extensive past studies, a lot of important questions related to the microstructure 
of tribolayer and its formation mechanism remain unanswered. For example, will the 
microstructure of tribolayer change as a function of depth? What is the length scale 
related to material transfer at the surface? Will mechanical mixing drive the surface 
materials into nonequilibrium states like those forced by ball milling? One of the main 
goals of the present work is to take advantage of advanced analytical tools to characterize 
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tribolayers, thus to elucidate their formation mechanisms and their influence on 
materials‟ tribological behavior. 
 
In the present research, a Cu-15wt.%Ni-8wt.%Sn alloy (henceforth referred to as CuNiSn 
alloy) is chosen, which is designated as C72900 and marketed for applications requiring 
high strength, good wear and oxidation resistance in industry. This bronze is also 
interesting from a fundamental perspective since it is a single phase face-centered-cubic 
(fcc) material with a low stacking fault energy [15]. Its strength can be increased by a 
factor of ~ 2 (from 460 Mpa to 1 GPa) by controlled heat treatment which leads to the 
formation of a spinodal structure. The spinodal decomposed material exhibits modulated 
Sn-rich and Sn-lean phases at a scale of several nanometers [16]. Firstly the effects of 
normal load and hardness on the tribological behavior of CuNiSn are studied by 
performing pin-on-disc (POD) wear tests at different conditions. Next, comparative study 
of two sets of tests, one against CuNiSn disc, another against Stainless Steel 440C 
(henceforth referred to SS 440C) disc, are carried out. SS 440C is a standard counterface 
material for wear tests. It is hard (hardness ≈ 60HRC) but susceptible to oxidation 
during wear. The SS 440C contains ~17 wt.% Cr, ~1.1 wt.% C, and some other minor 
elements but no Ni. It has been chosen so that the transfer of elements from the counter 
surface to the bronze pin can be traced unambiguously. Wear debris, surface and 
subsurface microstructure of worn materials are then characterized using SEM, EDS, 
XPS, and TEM. Strain profile and strain rate profile during wear tests are estimated using 
the marker displacement method. Finally, the formation of the tribolayer and underlying 
microstructure is discussed on the basis of these characterizations. 
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2.2 Experimental procedure 
2.2.1. Wear testing 
Wear tests of the CuNiSn alloy were carried out using a Koehler K93500 pin-on-disc 
tester. The CuNiSn alloy (ToughMet3®) was provided by Brush-Wellman Inc with ≈
31HRC, or equivalently ≈1 GPa hardness. Cylindrical pins of 6 mm diameter and 60 
mm length, and a 15.24 mm diameter disc were machined by electrical discharge 
machining (EDM). We also investigated a second metallurgical state of the CuNiSn, 
where the pin was placed in a vacuum-sealed quartz capsule, solutionized at 850˚C for 5 
min, and water quenched. As expected from published data, this solutionizing heat 
treatment reduced the hardness to ≈ 460 MPa. Another martensitic SS 440C disc was also 
used in the present study, with hardness ≈ 60HRC. Wear tests were performed at RT, in 
air, under 0.5 - 10kgf load, 0.05 - 0.25m/s, and 2.5 - 4 hrs to ensure steady state wear. 
Prior to testing, the contacting surfaces of the disc and pins were polished using SiC 
grinding papers with grit sizes down to 1200 grit to achieve an average surface roughness 
(Ra) less than 1,000 nm. The wear rates have been estimated by direct measurement of 
the weight loss of the pin to an accuracy of ±0.1 mg as well as from the linear 
displacement vs. time curve recorded in situ by a linear variable displacement transducer 
(LVDT). In a typical wear test, a transient period is often observed in the first few 
minutes, where the displacement of the pin measured by the LVDT suddenly increases or 
decreases a few hundreds of micrometers. This transient is present due to the sudden 
onset of the rotational motion of the disk, with which the pin is fixed rigidly in flat 
contact. Thus it is subtracted from the whole curve when considering the real height loss 
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measured by LVDT. In order to compare wear rates measured by weight loss of the pin 
and by LVDT, a self-mated wear test of CuNiSn was performed at 98N load, 0.25m/s 
sliding velocity, for 2.5 hrs, at RT in air. Wear track depth on the disc was measured by 
Dektak
3
 Profilometer with 25mg applied load and soft-touch mode. The results are listed 
in Table 2.1. The volume loss of the pin and the disc is almost equal, as expected. The 
total height loss of pin and disc calculated is ~ 1321 µm, larger than the 1000 µm 
measured by LVDT. Due to the large uncertainty of the LVDT measurement, in the 
present study, wear rates are calculated by direct measurement of the weight loss of the 
pin. 
 
2.2.2. Sample preparation and characterization  
Pins were prepared for cross-sectional SEM observation by cutting them in halves along 
the sliding direction. These samples were then mechanically polished using SiC grinding 
papers with grit sizes up to 1,200 followed by alumina colloidal solutions down to 
0.05micron, and then finally polished for 2 hours in a vibratory polisher with a 0.02 
micron silica colloidal solution. TEM samples of fine wear debris particles were prepared 
by dissolving the debris in ethyl alcohol and ultrasonicating for 15min. Particles 
suspended in the alcohol were then ﬁshed out on holey carbon ﬁlm coated Mo grids for 
TEM analysis. TEM samples of flaky wear debris were prepared by gluing wear debris 
with G2 epoxy in a 2.5mm Cu rod. 0.5mm thick discs are then sliced out and 
mechanically polished. TEM cross-section samples were prepared, after cutting pins 
along their axis, by gluing the worn surfaces face to face. A 2.3mm diameter cylinder was 
then drilled out using EDM, from which 0.5mm thick discs are sliced out and 
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mechanically polished. The thinned discs were then dimpled using D500i dimpler and 
ion-milled using Gatan PIPS using 5 keV Ar ion beam at a current between 25–30 mA, 
with an incidence angle of ±4
o
 to the surface.  
 
Microstructural characterization was carried out using a JEOL 6060LV scanning electron 
microscope and JEOL 2010 transmission electron microscopes with either LaB6 or ﬁeld 
emission electron gun. Nano area electron diffraction of individual debris particles was 
taken using a 50 nm size electron beam so as to probe small selected volumes of 
particles. Spectroscopic analysis was done using a Physical Electronics PHI 5400 XPS 
system using a Mg source and using Oxford EDS detectors ﬁtted onto the scanning and 
transmission electron microscopes. Knoop hardness indentation is performed on a tapered 
sample at 25mg load, with the angle between sliding surface and measuring surface ~ 
20
o
. The XPS analysis, part of the SEM, EDS, and TEM work are performed in 
collaboration with Dr. J.B. Singh.  
 
2.3. Results 
2.3.1. Microstructure of the as-received CuNiSn Alloy 
The as-received CuNiSn alloy comprises coarse grains with an average size of 148 ± 38 
µm, as measured using the line-intercept method, with no texture. Spinodally 
decomposition in the alloy has been conﬁrmed using X-ray diffraction as well as 
transmission electron microscopy. A typical bright-ﬁeld (BF) image obtained using two-
beam condition from a grain interior is shown in Fig. 2.1 (a). The light and dark contrast 
corresponds to the modulated Sn-rich and Sn-lean regions, with a wavelength ~ 5nm. 
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Occasional occurrence of the D022 phase has been also noticed. A <100> zone axis 
diffraction pattern taken from grains exhibiting characteristics {110} superlattice 
reﬂections of D022 ordering is shown in the Fig. 2.1 (b). However, precipitates of the 
D022 phase have not been resolved in the dark ﬁeld (DF) images (results not shown here). 
Some of the grain boundaries also exhibited the initiation of the grain-boundary reaction 
forming a mixture of the α + γ (α - disordered face-centered cubic; γ - an ordered D03 
phase with (CuxNi1-x)3Sn composition) phases, although such reactions have not been 
detected during SEM analysis. 
 
2.3.2. Wear and friction behavior 
The steady-state wear rates and friction coefficients obtained for POD tests of as-received 
and solutionized CuNiSn pins against spinodally-hardened CuNiSn disk are reported in 
Fig. 2.2. Each reported value is the average over three separate wear tests. For both 
metallurgical conditions of the CuNiSn pins, Archard‟s law (Eqn 1.1) is largely valid in 
the load range of 9.8 N to 98 N, or 0.35MPa to 3.5MPa nominal contact pressure. 
Specifically, for a given material, the wear rate increases almost linearly with the load, 
although a power-law fitting yields a coefficient slightly less than unity, 0.75 and 0.70, 
for as-received and solutionized CuNiSn, respectively. Furthermore, the wear rates for 
the two metallurgical states of pins are in the ratio of 1:2, which is close to the ratio of 
their hardness values, 1:2.2. The friction coefficients at load range 9.8 N to 98 N are 
almost identical for both materials, and the values, ≈ 0.5 to 1.0. In the lower load range, 
0.98 to 4.9 N, friction coefficients reach much higher values, especially in the case of the 
solutionized CuNiSn, with friction coefficient as large as 1.4. 
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Next, the effect of counterface material was investigated by carrying out comparative 
POD wear tests at 98N load, 0.25m/s sliding velocity for 2.5hrs using either CuNiSn disc 
or SS 440C disc. Typical wear and friction curves of these two tests can be seen in Fig. 
2.3. After a short „running in‟ period of ~ 200s, a steady state is achieved in both tests, 
where wear height loss increases monotonically and friction coefficient fluctuates around 
an average value with time. Wear tests of CuNiSn pins running against SS 440C disc 
result in a reduction of wear rate by 69% and friction coefficient by 30% compared to 
self-mated tests, as shown in Table 2.2. In the following session, characterization of wear 
debris, surface morphology, and subsurface microstructure and chemistry is carried out 
for two representative samples, pin A and B, obtained after wear tests against CuNiSn 
and SS 440 C discs respectively.  
 
2.3.3. Worn surface, wear debris, and subsurface microstructure of pin A 
Worn surface of pin A shows continuous grooves and ridges in the sliding direction, with 
occasionally large wear debris pressed on it, as seen in Fig. 2.4 (a) - (b). High 
magnification SEM image Fig. 2.4 (c) shows smearing of thin metal layers on the wear 
surface, which is typical for adhesive wear. Subsurface cracks are observed ~ 10 – 20 µm 
below the worn surface as shown in the cross-section SEM image in Fig. 2.4 (d).  
 
Fig. 2.4 (e) shows large flaky wear debris generated during wear tests, with sizes ≈ 200
–500 µm, estimated by averaging the long and short dimensions of ~100 debris in low 
magnification SEM images. Edge-view of wear debris reveals layered structures, as 
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shown in Fig. 2.4 (f), possibly due to continuous stacking of deformed metal sheets on 
the worn surface. Both the surface and debris morphology indicate severe adhesive wear 
as the controlling mechanism. No evidence of oxides could be found in the worn surface 
and wear debris using EDS analysis. TEM images in Fig. 2.5 (c) and (d) show that the 
flaky wear debris are made of nanograins, 30–200 nm in size. TEM analysis (Fig. 2.5 (a) 
and (b)) on the cross-section did not reveal the formation of a tribolayer in pin A.  A 
severely plastically deformed layer (SPDL) that comprises of nanograins elongated along 
the sliding direction is observed on top of the heavily deformed bulk material. The grains 
are measured to be ~ 30 – 50 nm thick with aspect ratios often exceeding 10 (see Fig. 2.5 
(a) and (b)). The thickness of SPDL is measured to be 2–3 µm by EBSD analysis on 
cross-section of pin A (refer to Ch 3, Fig.3.2). This severely plastically deformed layer is 
also characterized by the presence of a well-developed shear texture, see inset in Fig. 2.5 
(a), which will be discussed in Chapter 3.  
 
2.3.4. Worn surface, wear debris, and subsurface microstructure of pin B 
Optical image of pin B (Fig. 2.6 (a)) after wear test shows a thick debris layer coating the 
surface. After removing the debris layer by brushing and ultrasonic cleaning the pin, fine 
debris particles are still found sticking to the surface, as seen in Fig.2.6 (c). When these 
debris are dislodged, they remove a part of the pin surface material in their wake (notice 
the “dimple” features in the inset of Fig. 2.6 (c)). XPS spectra conﬁrms the presence of 
Fe2O3 as well as a CuO phase on the worn surface (see Fig. 6 in Ref. [17]). It should be 
emphasized here that none of the phases observed during the present study were pure 
phases. For instance, the CuO phase is in fact a (Cu,Ni,Sn) oxide. Likewise, Fe2O3 is a 
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(Fe,Cr)2O3 oxide. However, for the sake of simplicity, we will continue to refer to these 
two oxides as CuO and Fe2O3 throughout the text. 
 
Fig. 2.7 (a) is a typical SEM image showing a bimodal distribution of wear debris 
particles. Two sizes and morphologies of debris are detected: large ﬂaky particles with 
sizes ≈5–30µm and ﬁne granular particles with sizes ranging from less than 1 µm to a 
few µm. Quantitative EDS analysis of the flaky debris shows a composition of 76.82 
wt.% Cu, 15.42 wt.% Ni, and 7.76 wt.% Sn, in agreement with the nominal composition 
of the CuNiSn alloy. A weak Fe Kα peak and Cr Kα peak are also detected, which 
suggests materials transfer from the counter face SS 440C during wear test. TEM image 
in Fig. 2.7 (b) reveals the nanocrystalline nature of these fine debris particles, with typical 
size ≈20 nm. Nano beam electron diffraction (NBED) pattern from these particles shows 
the presence of CuO, Fe2O3, as seen in Fig. 2.7 (c).  
 
TEM analysis on cross-section worn sample shows the subsurface comprises several 
layers, as seen in Fig. 2.8 and 2.9. Right below the worn surface, a mechanically mixed 
layer (MML) ~2–3 µm thick is observed, which comprises equiaxed nanograins with an 
average size of 6.7 nm and a standard deviation of ±4.9 nm (see inset in Fig. 2.8 (c)). 
This top layer MML can be further divided into two sublayers, referred to as MML1 (top 
50 nm) and MML2. The interface separating MML1 and MML2 sublayers is rather well-
deﬁned (see Fig. 2.8 (a)). MML1 is porous, and depleted in Cu (see Table 2.3), while its 
Ni/Sn ratio is essentially that of the initial CuNiSn. Below the MML, a severely 
plastically deformed layer (SPDL), similar to that in pin A, is observed (Fig. 2.9). The 
25 
 
grains are measured to be ~ 30 – 50 nm thick with aspect ratios often exceeding 10. Each 
nanograin is characterized by high density of dislocations or nano twins. The spinodal 
structure and small D022 precipitate, features of the initial material, are no longer found in 
SPDL. Twinning is often found within this layer (Fig. 2.9 (c)), which indicates large 
strain rates and stresses during wear. Fe or Cr is not detected in SPDL using EDS 
analysis. 
 
2.3.5 Strain and strain rate during wear tests  
In the present study, originally straight grain boundaries are used as markers to calculate 
the strain profile during wear tests according to standard maker displacement technique 
[18-19]. Fig. 2.10 (a) shows an example of a polished cross-section of a self-mated worn 
sample with grain boundaries deforming along SD. An excellent fit of the grain boundary 
displacement versus depth was obtained using an exponential decay, in agreement with 
prior wear studies [20]. The equivalent strain vM  at a depth x is then calculated by  
                                                              𝜀𝑣𝑀 =
1
 3
𝑑𝑦
𝑑𝑥
                                                   (2.1) 
where dy/dx is the slope in the displacement (y) vs depth (x) curve. Fig. 2.10 (b) shows 
the calculated strain profile for four self-mated samples under 4.9 – 98N load. The 
maximum equivalent Von Mises strain, which is reached at the surface, was measured to 
be ≈ 200%, or 346% shear strain since the equivalent strain vM  is related to the shear 
strain  by vM   / 3 , for all four samples, as shown in Table 2.4. Note the maximum 
strain reported here are obtained by extrapolation, since the grain boundary markers 
disappear about 2~3 µm near the surface (see Fig. 2.10 (a)). Table 2.4 shows the decay 
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length of the strain profiles increases with the applied normal load from 6.43 to 19.42 
µm. Taking advantage of the fact the sample was worn under steady state conditions, a 
strain-rate profile can be directly obtained from the strain profile and the steady state 
wear rate according to [21] 
                                                            𝜀 =  3
𝑑𝜀
𝑑𝑥
𝑑𝑥
𝑑𝑡
 ,                                         (2.2) 
here dε/dx is the change in strain as one moves from subsurface to the surface (in x 
direction), and dx/dt is the rate of the height loss of the pin.  Table 2.4 reports the 
maximum strain rate reached at the surface for the four samples, which are all found to be 
in the order of 10
-3
 s
-1
. 
 
2.4. Discussion 
2.4.1. The tribological behavior of CuNiSn  
Within the chosen window of wear test conditions, Archard‟s law is largely valid for both 
as-received and solutionized CuNiSn in the load range of 9.8 N to 98 N, where the wear 
rate increases linearly with applied load, and inversely with hardness. The wear rates are 
in the order of 10
-6
 – 10-5 mm-2, and friction coefficients are around 0.5 - 1.0, which are 
typical for metals during dry sliding wear [22]. In the lower load range, 0.98 to 4.9 N, 
deviations from Archard‟s law are observed as the wear rates increase sub-linearly with 
load. Similar nonlinear relationship between wear rate and applied load has also been 
reported in austenitic stainless steel [2, 23],  Cu [24], and Al-SiC composites [25] etc. On 
the other hand, this deviation from empirical Archard‟s law is not surprising since 
numerous variables interplay simultaneously during wear, as discussed in Chapter 1, thus 
wear rate may not be adequately described as a simple function of applied load.  
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Furthermore, friction coefficients reach much higher values, especially in the case of the 
solutionized CuNiSn, with friction coefficient as large as 1.4. This is expected since, at 
lower loads, deformation at contacting asperities has a stronger elastic component [26], 
which means the frictional force F is related to the applied load 𝐿 through F ∝ 𝐿𝑞 ,
2
3
<
𝑞 < 1  (Note, q = 1 when the contact is fully plastic ), thus the friction coefficient 
𝜇 =
𝐹
𝐿
= 𝐿𝑞−1 increases as 𝐿 decreases. Furthermore, the surface crystallographic texture 
of the solutionized CuNiSn with high friction coefficient is similar to typical rolling 
texture, unlike shear textures that are observed in other samples with low friction 
coefficient. This texture transition may also be part of the reason for the high friction 
coefficient at low load, which will be discussed in Chapter 3. 
 
Under the same testing conditions, sliding wear of CuNiSn pins against SS 440C disc 
significantly reduces the wear rate as well as friction coefficient compared to CuNiSn 
disc. TEM analysis shows the formation of a tribolayer, here referred as mechanically 
mixed layer (MML) to emphasize the mixing of materials from the counterface and the 
environment, is responsible for this response. It has often been proposed that the 
formation of tribolayers is beneﬁcial to the tribological performance of the material. This 
property is however not easy to access since it is very diﬃcult to identify wear test 
conditions that would produce or eliminate triblayers, without altering signiﬁcantly any 
other parameter or material‟s response. The present study hence can serve for this 
purpose. More discussion of the MML will be given in Session 2.4.3. 
 
2.4.2. Debris formation of CuNiSn  
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Two types of debris particles were observed in the present study, large ﬂakes and ﬁne 
granular particles. Wear debris by TEM (Fig. 2.5 (c) and (d))  and in previous study [27] 
show that the core microstructure consisted of elongated nanocrystalline grains, 30–200 
nm in size, with a frequent presence of nanotwins, strongly suggest that the ﬂaky debris 
originate mostly from the SPDL, possibly including the MML1 and MML2 sublayers. 
Subsurface cracks are observed (Fig. 2.4 (d) and Fig. 2.6 (d)) at depths of a few microns 
below the surface. It has been proposed [28-29] these cracks may nucleate below the 
surface by coalescence of voids that had formed through strain-induced porosity, which 
would then grow parallel to the sliding surface, and eventually reach the surface leading 
to the delamination of the subsurface material and the generation of flaky debris. While 
the delamination theory provides one possible explanation, others [8] believed that the 
cracks start at the sliding surface and propagate into the subsurface since the maximum 
stress is at the sliding surface when friction coefficient is larger than 0.3 [30], which is 
typical for most dry sliding wear of metals.   
 
Fine debris formed during wear tests against SS 440C consists of mainly CuO and Fe2O3.  
Metal oxides are often observed during sliding wear and friction due to the interaction of 
surface materials and the environment. Some of them are strong and abrasive, such as 
Al2O3 and MgO, and some are soft and lubricious, such as V2O5, WO3, and Re2O7. 
Erdemir [31-32] proposed to use ionic potential (φ) to evaluate the shear strength of these 
oxides, where φ =Z/r (Z is the cationic charge and r is the radius of the cation). The 
higher the ionic potential, the greater the cation is screened by surrounding anions, thus 
the softer the oxides. The ionic potential for lubricious oxides are usually large than 5 
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[32]. For Fe2O3 (Z=3, r=0.69 Å) and CuO (Z=2, r=0.71 Å), the ionic potentials are 
calculated to be φ=4.3 and 2.8 respectively. Fe2O3 is more lubricious than CuO and both 
are relative strong oxides, which explains the „dimples‟ left on the wear surface as shown 
in the inset of Fig. 2.6 (c). On the other hand, these fine oxide debris tend to agglomerate 
on the wear surface to form a thick debris layer. This debris layer prevents direct contact 
of the two contacting surfaces thus reduces wear and friction in the SS 440C mated tests.  
  
2.4.3. Severally plastically deformed layer (SPDL) 
In both self-mated and SS 440C mated wear tests, a severally plastically deformed layer 
~ 2-3µm are observed below the worn surface. This layer is characterized by 
nanocrystalline grains ~ 30 – 50 nm thick and elongated in the sliding direction. 
Heilmann et al. [5] have attributed the formation of nanograins to dislocation 
accumulation, entanglement and rearrangement. Due to Hall-Petch effect, this grain 
refinement will lead to hardness increase at the subsurface. On the other hand, plastic 
deformation may erase the spinodal decomposition in the bronze thus decrease the 
hardness. The competition between these two processes lead to a very gradual increase of 
hardness in the self-mated pin A as shown in Fig. 2.11, where the Knoop hardness 
measured is normalized by the bulk value. An increase ~ 11% near the wear surface is 
observed, much lower than that in Cu [33], Al [34], and stainless steels [35] etc. Nano 
twins are frequently observed in SPDL as well, which might be promoted by high shear 
stresses at the worn surface, similar to those observed in severe plastic deformation 
processes such as ECAP[36]  and HPT [37].  
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TEM analysis shows spinodal decomposition is completely absent present in SPDL, 
indicating an eﬃcient mixing by severe plastic deformation during sliding wear. 
According to ref. [3], the disappearance of chemical heterogeneity can be used to 
estimate the lower bound of the plastic strain induced by forced mixing. The plastic strain 
εp needed to dissolve a particle with radius R can be estimated by εp = R/b, where b is the 
Burgers vector. Since the initial spinodal heterogeneity has a wavelength ~ 5nm, the total 
plastic strain in SPDL is calculated to be ~ 20, which is ten times of the value deduced by 
the marker displacement technique. Using precipitates as markers, it will be interesting to 
directly measure local strains in the tribolayers. Potentially an Aluminum-Silver alloy 
with GP zones can be used. Due to the small difference (about 0.5%) of atomic radii of 
Al and Ag, Ag rich GP zones are coherent precipitates. Monitoring the dissolution of Ag 
rich GP zones of Al-Ag thus provide a unique way to determine the full local plastic 
strains in the tribolayer. 
 
2.4.4. Mechanically mixed layer (MML)  
The dealloying of Cu in MML1 is surprising since such phase separation is not reported 
in the TTT diagram of CuNiSn in temperature ranging from 250 
o
C to 600 
o
C [16]. More 
interesting, EDS analysis of the MML2 (see ref. [3] Fig. 4) shows a phase separation of 
Cu-rich and Ni-rich regions, with an average length scale ~ 30nm. It is proposed [3] this 
phase separation is due to the presence of Fe oxide in MML. Firstly, Cu and Fe are 
largely immiscible in the solid state. For example, Kaikov and Lykasov [38] studied the 
phase diagram of Cu-Fe-O system and found a decomposition of Cu rich mixtures into 
Cu or CuO, and FeOx or Fe3O4 is favored at low partial pressure of oxygen. Secondly, Ni 
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and Fe have a negative heat of mixing, therefore Ni is likely to combine with the Fe-rich 
phase. During sliding wear, this thermodynamic driving force for phase separation 
compete with continuous mixing by severe plastic deformation and results in the Cu-rich 
and Ni-rich phase separation in MML at the length scale of ~ 30nm. Similar stabilization 
of nanocomposites has also been reported in Cu-Ag by ball milling [39-40].    
 
The transition between MML and SPDL are fairly sharp, similar to earlier reports by 
others [8]. Grain size, chemical composition and microstructure in MML are all very 
different from the SPDL beneath it. It has been proposed by several researchers [1, 41] 
that the mechanically mixed layer does not come directly from the subsurface material, 
rather it is formed by compaction of agglomerated wear debris. For SS 440C mated wear 
tests, average steady-state wear rate is measured to be 4.16 × 10
-6
. It means that for 
0.25m/s sliding velocity, a marker ~3 µm below the surface, i.e. at the interface between 
MML and SPDL, would take ~ 82 s to reach the surface. In order for the solid solution of 
CuNiSn in SPDL to phase separate in MML in 82s, a large temperature rise would be 
required, which is unlikely to happen since wear test is performed at RT under a low 
sliding velocity. Thus we conclude that MML cannot form by simply incorporating 
oxides into SPDL, but rather it forms by compaction and deformation of wear debris at 
the sliding surface. Mixing in the tribolayer by Kelvin-Helmholtz instability appears to be 
possible, although more work is needed to establish firmly the presence of this instability 
during wear.    
 
2.5. Conclusions 
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From the present study on the wear behavior of CuNiSn bronze, the following 
conclusions can be drawn. 
 
(1) Dry sliding wear behavior of CuNiSn alloy mostly follows Archard‟s law. Friction 
coefficient increases with decreased load. Two different types of debris particles, fine 
granular oxides and large flaky debris, were observed. Subsurface voids and cracks found 
a few microns below the surface may be responsible for the formation of the large ﬂaky 
debris particles. A mechanically mixed layer, followed by a severely plastically deformed 
layer, form at the sliding surface on top of the heavily deformed bulk material. 
 
(2) Plastic strain profiles as a function of distance to the surface are obtained using grain 
boundary as markers. The strain increases exponentially to the surface, with a maximum 
strain of ~ 2 for normal loads in the range of 4.9 – 98N. Analyzing the disappearance of 
spinodal decomposition yields a lower bound of strain ~ 20 in SPDL, 10 times of the 
value estimated by marker displacement technique.   
 
(3) The mechanically mixed layer comprises two distinct sublayers, which differ in 
composition and microstructure. The top sublayer MML1, about 50 nm thick, is porous 
and Cu-depleted. The second sublayer MML2 exhibit Cu-rich and Ni-rich phase 
separation in length scales of ~30nm. Both sublayers consist of equiaxed (Fe,Cr)2O3 and 
bronze nanograins. The MML is produced by the compaction and mixing of materials 
that have been transferred between the two sliding bodies, while the SPDL beneath it, 
consists of materials from the bulk only. The presence of the mechanically mixed layer in 
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CuNiSn pins running against SS 440C disc result in a reduction of wear rate by 69% and 
friction coefficient by 30% compared to self-mated tests. 
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2.7 Figures and tables 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.1. BF TEM image of a grain interior of as-received CuNiSn under two beam 
condition showing modulated spinodal decomposition (a), <100> zone selected area 
diffraction (SAD) from as-received CuNiSn (b), and schematic <100> zone diffraction 
pattern showing the fundamental reflections from disordered FCC (α) phase and the 
superlattice reflections from D022 ordering and L12 ordering [16]. 
 
 
  
 
20nm 
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Figure 2.2. Steady-state wear rates and friction coefficients for as-received and 
solutionized CuNiSn, as a function of the normal load. Error bars represent one standard 
deviation. 
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Figure 2.3. Wear depth vs time (a) and friction coefficient vs time curve (b) during pin-
on-disc wear tests of CuNiSn pins against CuNiSn disc (labeled „A‟), and SS 440 C disc 
(labeled „B‟) at RT, in air. 
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Figure 2.4. Optical image of worn surface (a), low magnification SEM image of worn 
surface (b), high magnification SEM image of worn surface (c), SEM image of cross-
section (d), low magnification of wear debris (e), and high magnification of a wear debris 
(f) of pin A. Red arrows indicate sliding direction of the pin. 
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Figure 2.5. Cross-section BF (a) and (111) DF (b) TEM images of worn subsurface of pin 
A. Inset shows SAD diffraction pattern of region in (a); BF (c) and (111) DF (d) TEM 
images of wear debris of pin A. Inset in (c) shows the SAD diffraction pattern of region 
in (c) (images courtesy of Dr. J.B. Singh). 
 
 
 
 
41 
 
   
Figure 2.6. Optical image (a), low magnification SEM image (b), high magnification SEM 
image (c) of worn surface, inset in (c) shows „dimples‟ on worn surface, SEM image of 
cross-section (dashed line shows sliding surface) (d) of pin B. Red arrows indicate sliding 
direction of the pin. 
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Figure 2.7. SEM image of fine granular and large flaky wear debris particles with inset 
showing an EDS spectrum from one of the big ﬂaky particles (a). BF TEM image of ﬁne 
debris particles showing nanocrystalline nature in diffraction contrast. Inset shows EDS 
spectrum from a ﬁne Cu-rich particle. Note the Fe, Ni and Cu peaks indicated in the two 
spectra are Kα peaks while the Sn peak is an L peak. (c) Nano beam electron diffraction 
pattern from a Fe rich particle showing the presence of CuO and Fe2O3 phases (images 
courtesy of Dr. J.B. Singh). 
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Figure 2.8. Cross-section BF TEM image of worn subsurface of pin B. Inset shows the 
size distribution of grains within MML1 and MML2 (see text for details) (a), SAD 
diffraction patterns from two regions within MML2 (b), BF TEM image of an Fe2O3 
particle trapped in MML (c) (images courtesy of Dr. J.B. Singh).  
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Figure 2.9. BF (a) and (111) DF (b) images of a region showing the interface between 
MML2 and SPDL, and DF image of a twinned nanograin (c) (images courtesy of Dr. J.B. 
Singh). 
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Figure 2.10. (a) Cross-section SEM image of a worn sample ( CuNiSn self-mated wear 
test, normal load 4.9N , sliding velocity 0.05m/s, test duration 4hrs, in air, RT) with a 
grain boundary deflection under the sliding surface, the black arrow shows the marker 
displacement at one depth; (b) strain profile measured using grain boundary as a marker 
(color online) for four different self-mated samples under 4.9 ~ 98 N normal loads.   
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Figure 2.11. Hardness profile measured on polished cross-sections of pin A. 
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Table 2.1. CuNiSn pin and disc height/volume loss after self-mated wear tests at 98N 
load, 0.25m/s sliding velocity, for 2.5hrs, at RT in air. 
Pin height 
loss/µm 
Disc height 
loss/µm 
LVDT 
measurement/µm 
Pin volume 
loss/mm
3
 
Disc volume 
loss/mm
3
 
1277 44 1000 36.11 33.18 
 
 
 
Table 2.2. Wear tests summary for CuNiSn pins running against CuNiSn and SS 440C 
discs at RT, in air. 
Pin  Disc 
Load 
(N) 
Speed 
(m/s) 
Time 
(hrs) 
Number 
of tests 
Wear rate Friction coefficient 
CuNiSn CuNiSn 98 0.25 2.5 5 1.35 ± 0.19  x10-5 0.54 ± 0.024  
CuNiSn SS440C 98 0.25 2.5 5 4.16 ± 0.47  x10-6 0.38 ± 0.072  
 
 
 
Table 2.3. Average chemical composition (in wt%) of MML1 and MML2.  
  Cu Ni Sn Fe Cr 
MML1 21.31 50.99 22.06 4.75 0.89 
MML2 73.11 16.39 7.55 2.49 0.46 
 
 
 
 
Table 2.4. Strain and strain rates estimated by marker displacement technique for steady-
state self-mated samples under various normal loads. 
Load/N  Decay length/µm 
Extrapolated strain  
at the surface 
Strain rate  
at the surface/s-1 
4.9 6.43 2.01 1.28 x10-3 
9.8 8.99 2.05 2.71 x10-3 
49 14.28 1.88 2.77 x10-3 
98 19.62 2.06 5.52 x10-3 
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CHAPTER 3 
CRYSTALLOGRAPHIC TEXTURES AND TEXTURE TRANSITIONS 
INDUCED BY SLIDING WEAR IN BRONZE AND NICKEL
2
 
 
3.1 Introduction 
Sliding wear of metals and metallic alloys, and in particular dry sliding wear, leads to 
high shear stresses at the contacting surfaces, resulting into intense plastic deformation, 
over depths that range from a few microns to tens of microns depending upon the test 
conditions and the materials ([1-5]). Since in most cases the dry sliding wear of metals 
yields friction coefficients largely exceeding 0.3, the resulting plastic deformation is 
maximum at the surface [6], where it commonly exceeds several 100% strain. This severe 
plastic deformation translates into a high dislocation density, and below the worn 
subsurface, the formation of layers comprised of cells separated by high angle 
boundaries, most likely resulting from dynamic recovery of dislocation structures [7], 
followed by elongated or equiaxed nanocrystalline grains at the topmost region near the 
sliding surface. Of particular relevance to this work is the fact that this severely 
plastically deformed layer can develop a crystallographic texture, as reported by Wheeler 
and Buckley in 1975 [8] and by Krause and Demirci in 1980 [9]. This observation is not 
surprising since metals often develop crystallographic textures during processing and 
shaping, such as heat treating, rolling, extrusion, and drawing. There is a considerable 
literature on those textures (for instance see ref [10]), which are typically characterized 
                                                 
2
 Part of the content in this chapter has been published in W. Cai, J. Mabon, P. Bellon, 
“Crystallographic textures and texture transitions induced by sliding wear in bronze and nickel”, 
Wear 267 (2009) 485 
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by techniques such as XRD, TEM, and more recently orientation mapping based on 
EBSD patterns acquired using FEG-SEM. In contrast, the works investigating the 
textures induced by friction and wear have been and remain few.  
 
3.1.1 Notations for shear textures in fcc metals 
Texture is characterized by the crystallographic orientation of grains with respect to the 
laboratory frame of reference, which is chosen to reflect the geometry of the test. Since 
both torsion testing and sliding wear yield simple shear deformation, and there is 
extensive knowledge on torsion textures, it is quite useful to transfer this knowledge to 
wear textures. In the case of a torsion test (see Fig. 3.1a), the frame of reference is usually 
taken as (r, , z), where these directions represent the normal to a thin piece of cylindrical 
shell on the surface of the sample, the tangential direction in the shear plane, thus parallel 
to the shear direction, and the torsion test vertical axis, respectively. For the pin-on-disk 
geometry, we choose these sample axes to be (SD, TD, ND), which stand for sliding 
direction, transverse direction, and normal direction, respectively, as indicated on Fig. 
3.1(b).  
 
Torsion testing leads to the development of fiber textures that are broadly referred to as 
{111} and <110> fiber textures. Following Van Houtte and Aernoudt [11], and 
Montheillet et al. [12], these textures can be understood as resulting from two sets of 
constraints. First, the texture should be invariant upon application of the symmetry 
operations of the test geometry. Second, the shear plane and/or the shear direction should 
match the slip planes and/or the glide directions of dislocations, thus {111} planes and 
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<110> directions in fcc crystals. For the case of torsion testing, the macroscopic stress 
and strain states in the cylindrical shell in Fig. 3.1a are invariant by rotation by π around r 
and by mirror symmetry normal to r (neglecting the strain gradient along r). As a result, 
one expects that torsion textures are also invariant by these symmetry operations, thus 
producing textures that belong to the prismatic monoclinic symmetry class, commonly 
referred to as 2/m [11, 13]. This symmetry class is centro-symmetric, and so torsion 
textures should also be centrosymmetric [11]. Montheillet et al. [12] and Darrieullat and 
Montheillet [13] have shown that, if one imposes the shear direction to be <110>, there 
are only two single-orientation textures that are compatible with the 2/m symmetry class: 
 11 0 < 110 > , and  001 < 110 > , which is also referred to as 𝐶  texture. These 
textures are described as self-symmetric since they can exist as single orientations, 
although the former one is not detected experimentally, in agreement with stability 
considerations. In addition, two texture components with shear direction distinct from 
<110> are frequently observed in torsion and extrusion,  1 1 1 < 112 > and  111  <
112 >, also referred to as 𝐴1
∗  and 𝐴2
∗  textures, respectively. Note that the intensity of 
the  𝐴1
∗  and 𝐴2
∗  components can evolve independently from each other since each 
component is self-symmetric. 
 
Textures that are not self-symmetric can develop as long as they are accompanied with 
their “twin-symmetric” orientation, so that the overall symmetry of the texture is 
compatible with that of the test. For torsion testing, two twin-symmetric orientations are 
commonly observed,  11 1  < 110 >/  1 11 < 1 1 0 > , also referred to as 𝐴/𝐴 texture, 
and  1 12 < 110 >/  11 2  < 1 1 0 >, also referred to as 𝐵/𝐵 texture. In both cases, the 
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intensities of the two twin-related orientations must be identical to preserve a center of 
symmetry. 
 
While test symmetry arguments have been widely used to predict the necessary symmetry 
properties of deformation textures [10-11], this approach has not been applied to sliding 
wear textures. For the pin-on-disc geometry, the only symmetry operation applicable to 
the sample is a mirror symmetry with respect to the plane with normal TD (assuming that 
the curvature of the track is small enough not to influence the texture). Contrary to the 
torsion testing case, the stress and strain states are in general not invariant by two-fold 
rotation around TD because of strain gradients along ND. Sliding wear textures should 
thus, in general, belong to the domatic monoclinic symmetry class, also referred to as m. 
However, since fcc materials possess a center of symmetry, the resulting textures need to 
be centro-symmetric. As a result, both torsion and sliding wear textures should belong to 
the same symmetry group, 2/m.  
 
3.1.2 Shear textures induced by torsion testing 
Textures induced by torsion testings can be decomposed into shear texture components, 
these are true deformation textures, that is, controlled by recovery and not by 
recrystallization of the deformed materials. (Note when recrystallization takes place 
during wear, these deformation textures will be absent, as observed in dry sliding wear 
test of Cu. See Appendix A for details. ) For Al and Cu, Montheillet et al. [12] found that 
the 𝐴/𝐴 and 𝐵/𝐵 components dominate at small strains, while the 𝐶 component becomes 
the principal component at large strains. These results are in good agreement with the 
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modeling predictions obtained by Canova et al. [14] using a Taylor model with full 
constraints (FC) at low strains and with relaxed constraints (RC) at large strains when 
grains are no longer equiaxed. Another noteworthy result from simulations [14-15] and 
from experiments [12] is that texture components are often found slightly rotated away 
from their ideal position, and that these rotations are not due to experimental inaccuracies 
but they find an origin in the development of the overall texture of the material. 
Specifically it is found that the rotation is in the direction opposite to the shear direction 
at low strain, while it switches to a rotation toward the shear direction at larger strains. 
Furthermore, the 𝐴1
∗  component is observed at low strains but disappears to the benefit of 
the 𝐴2
∗  component at large strains. These texture evolutions with increasing strains have 
been rationalized in terms of the dependence of the lattice rotation rate with the grain 
crystallographic orientation [15]. 
 
3.1.3 Shear textures induced by sliding wear 
Wheeler and Buckley [8] were among the first ones to report on the crystallographic 
textures induced by sliding wear (excluding abrasion wear). They performed self-mated 
POD tests for Cu, Ni, Fe, and Co, and analyzed the texture by XRD. For Cu, they 
reported a tendency for {111} to lie in the sliding plane (SD, TD), and suggested that 
recrystallization was responsible for this texture. Newer results, including ours presented 
in the next section, indicate instead that wear-induced textures are deformation textures in 
many materials (this is only true of course as long as tests are performed at low 
homologous temperatures and at low enough sliding velocity to suppress flash 
temperature at contacting asperities). More accurate XRD determinations of texture were 
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then reported by Krause and Demirci [9] for the case of metals subjected to rolling 
contact with sliding. For Cu and Ni self-mated tests, these authors found a dominant C  
texture, with however significant amounts of  𝐴/𝐴  and 𝐵/𝐵  components. Using 
controlled electrolytic removal, they also showed that the C  texture dominated in the top 
15 microns, whereas a different (unspecified) texture was found at larger depths. Since 
intensities of texture components are commonly observed to increase or decrease with 
strain during torsion testing, the fact that the wear-texture is depth-dependent can be 
rationalized by the continuous increase in plastic strain as one approaches the sliding 
surface. In a second study based on POD tests, Krause and Öcalan [16] investigated the 
effect of an initial texture on wear rate and friction coefficient. Their conclusion is that, if 
the initial structure presents a texture close to a shear texture, the wear rate and the 
friction coefficient are reduced. An important question raised by these authors is whether 
the same final texture would be reached, regardless of the initial texture. The slow rate of 
texture evolution with increasing plastic strain in experiments can make it difficult to 
provide a direct and firm answer. Computer models developed to predict deformation 
textures suggest that, in simple shear, there may not even be a stable texture component 
[10, 14, 17]. A steady-state texture may still be reached, but it would then consist of a 
dynamical equilibrium of texture components in continuous evolution. 
 
Conventional TEM has been applied with some success to analyze the texture of worn 
metals. Ohmae et al. [18] studied friction and microctructural evolution in single crystal 
Cu, using a high voltage microscope so as to be able to analyze thick samples. They 
concluded that when the sliding direction is varied from <100>, to <210>, to <110>, the 
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degree of plastic deformation increases, as well as the friction coefficient, from 0.9, to 
1.0, to 1.25. From electron diffraction patterns, they inferred also an unusual texture of 
worn subsurface, {110}<112>. A more comprehensive TEM study was performed by 
Rainforth et al. [2] on 316 stainless steel, an alloy with medium stacking fault energy, ≈ 
56 mJ/m
2
. While twinning was observed deep below the surface, the near-surface 
deformation was dominated by shear bands. The subsurface texture was determined to be 
mostly 𝐴/𝐴, with a weaker 𝐶 component.  
 
An important progress was the introduction and the application by Heilmann et al. [7] of 
a computer-assisted technique to assess automatically and quickly the grain and subgrain 
orientation in a TEM or STEM, using Kikuchi line patterns. These authors reported that 
cells formed in grains by undergoing rotation around the transverse direction TD, while 
the rotations around the sliding and normal directions were small. No general texture 
could be explicitly observed in this work, however, and Rigney et al. [19] later reported a 
tendency for TD to be along <110>, based on the relative frequency of  <110> oriented 
diffraction patterns. While conventional TEM is invaluable in analyzing the details of the 
deformation structure, it is however not well suited to quantify a texture in terms of its 
different components. 
 
Schwarzer and co-workers have investigated textures induced by dry sliding wear in Cu, 
bonze, and a brass worn in air with a POD, basing their analysis on XRD and TEM [20]. 
They reported that the steady-state wear textures were similar in Cu and in the particular 
(but unspecified) bronze they studied, with a maximum intensity in the orientation 
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distribution function (ODF) at ≈  513 [1 4 3], and secondary maxima near  322 [24 1] 
and  223 [14 2] . In contrast the brass displayed a different texture with three main 
components  110 [14 7],  011 [100], and  010 [302]. The authors did not attempt to 
relate these complex components to common shear texture components, as introduced in 
the previous section. As in the early report of Krause and Demirci [9], they also reported 
that the texture components varied with depth. Unfortunately, no specific information 
was given regarding the parameters chosen for the POD tests, e.g., load and velocity and 
the coefficients of friction were not reported. In a separate study, Farhat investigated 
wear-induced texture in Al and Ti using XRD [21]. By monitoring the evolution of the 
texture and of the friction coefficient from the running-in period until steady state is 
reached, Farhat concluded that the running-in period, in addition to evolution of asperity 
contact, is correlated with the build-up of the texture, and that the shear textures that are 
eventually stabilized are responsible for a low friction coefficient. 
 
Despite the recent dramatic increase in the use of SEM-based orientation mapping [22-
24], only few published results are available for worn surfaces. Prasad and co-workers 
[25] reported on the microstructural evolution in LIGA Ni subjected to dry sliding wear, 
specifically the significant re-organization of the deformed bulk layer. While they also 
observed the formation of a 2 micron-thick severally plastically deformed (SPD) layer 
with grain size ≈ 1 micron or below, referred to as “Zone 2” in their work, they did not 
report on the orientation of the grains in that SPD layer. Ohno et al. [26] correlated grain 
sizes measured by EBSD in pure Cu subjected to dry sliding to hardness changes, but 
they did not report any information on crystallographic texture. 
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3.2 Experimental procedure 
Pin-on-disk wear tests were performed with a Koehler K93500 pin-on-disc tester using 
two different materials for the pins, which were 6 mm diameter. The first material is a 
wrought Cu-15wt%Ni-8wt%Sn (CuNiSn) bronze, used in both spinodally-hardened (as-
received) and solutionized conditions. The grain size for both metallurgical conditions of 
this bronze is ≈ 150 microns. More information of the bronze can be found in Chapter 2. 
The second material used for the pins is Ni, with a purity of 99.5%, purchased from Alfa 
Aesar. A 6 inch diameter CuNiSn disc was used as the counterface. In all POD tests, the 
disks were made of the above spinodally-hardened bronze due to its high strength and 
good oxidation resistance. POD tests were performed in air at room temperature, except 
in one series where the bronze pins were maintained at 330˚C by resistive heating during 
the wear test. Normal load between 4.9 ~ 98 N, or equivalently 0.17 ~ 3.47 MPa normal 
pressure was applied. The sliding velocity was kept constant at either 0.05 or 0.25m/s, so 
as to suppress flash heating at contacting asperities [27]. The test duration was chosen to 
be long enough, typically 2 to 3 hours, so that the wear rates obtained by measuring the 
weight loss of the pins before and after the tests are accurate measurements of steady-
state wear rates.  
 
Pins were prepared for cross-sectional SEM observation by cutting in halves so that the 
normal of the cutting plane is TD. The worn surfaces of the samples were then coated 
with 20~30 microns of Ni, using an electroless coating solution. This step is necessary to 
retain the SPD layer during subsequent polishing. The pins were first mechanically 
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polished using SiC grinding papers with grit sizes up to 1200 followed by alumina 
colloidal solutions down to 0.05 micron, and then finally polished for 2 hours in a 
vibratory polisher with a 0.02 micron sillica colloidal solution. Microstructural 
characterization and orientation imaging microscopy were performed in a JEOL 7000F 
SEM equipped with a field emission gun and a HKL Technology EBSD system. 
Orientation maps were acquiring using a voltage of 25 kV, using a step size ranging from 
20 nm, for the high-resolution maps, to 0.4 micron for large-scale maps. TEM samples of 
the cross section pins were prepared by a FEI duel beam 235 focused ion beam (FIB) 
with field emission gun scanning electron microscope (FEG-SEM). First cross-sectional 
SEM samples were prepared as described above but with the cutting plane normal to SD. 
A 20 × 4 × 5 µm Pt was then deposited with the long direction parallel to ND. Milling 
was performed with 30kV Ga ions. After milled down to ~ 1.5 µm thick, the cross-
section sample was then lifted out and further polished with low current Ga ions until 
electron transparent. Finally the thinned sample were ion-milled by Gatan PIPS using 5 
keV Ar ion beams at a current density of 25–30mA, with an incidence angle of ±7◦ for 10 
min in order to minimize Ga damage.  
  
3.3 Results 
3.3.1 Wear-induced textures in bronze 
The steady-state wear rates and friction coefficients obtained for POD tests of spinodally-
hardened and solutionized bronze against spinodally-hardened bronze disks in the load 
range 4.9 – 98N are reported in details in Chapter 2. We simply recall here the wear rates 
are in the order of 10
-6
 - 10
-5
 mm
2
, and the friction coefficients are in between 0.5 - 1.4, 
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which are both typical values for dry sliding wear of metals. For both spinodally-
hardened and solutionized pins at all test conditions, SEM-BS images and EBSD clearly 
reveal the presence of a deformed bulk zone, followed by a severely plastically deformed 
(SPD) layer consisting of nanograins at the worn surface (see Fig. 3.2). Mechanical twins 
are frequently observed in the bulk deformed zone (see arrows in Fig. 3.2 (b)). It has been 
shown in Chapter 2 that by using grain boundaries as markers, a maximum equivalent 
strain of ≈ 200% (or 346% shear strain) is reached near the surface, at the transition 
between the bulk deformed zone and the SPD layer for all the self-mated samples tested 
in the load range of 4.9 – 98N.   
 
In the SPD layer, despite the severe deformation, over 50% of the ESBD patterns were 
identified by the orientation mapping software, thus making it possible to extract 
quantitative information. The grains were measured to be ≈ 50 to 100nm in size with 
aspect ratio between 1:1 and 5:1 from TEM analysis (see Chapter 2). The thickness of the 
SPD layer increased with load, and was significantly larger for the solutionized (softer) 
pins. Under 98N load, the thickness of SPD layer in as-received bronze pin is ~ 2-3 µm 
(Fig. 3.2 (b)), while that of the solutionized pin is ~ 20-25 µm (Fig. 3.4 (a)). Over the 
load range used in the POD test, the SPD layer thickness, measured from SEM images, 
ranged from 0.83 ± 0.29 to 3.2 ± 0.14 µm, and from 6 ± 5.66 µm to 15 ± 7.0 µm, for the 
spinodally-hardened and for the solutionized bronze pins, respectively (note: the variance 
is large compared to the average because large surface roughness leads to large variation 
in SPD layer thickness throughout the whole pin). 
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The crystallographic texture of the SPD layers was analyzed using {111}, {110}, and 
{100} pole figures and orientation distribution functions (ODF). For the pole figures, in 
order to compare with torsion textures, TD was chosen as the normal to the projection 
plane, but projections normal to ND were also used to investigate texture symmetry. Note 
that the present pole figures are displayed with the equal area convention [10]. For all 
wear test parameters, crystallographic texture was found to be significant, with maximum 
intensities in pole figures reaching typically 4 to 6 times the random intensity. For most 
of the wear test conditions, one particular type of texture is observed (exceptions will be 
discussed in the next paragraph). A typical {111} pole figure is displayed in Fig. 3.3. 
These textures were decomposed in terms of the texture components introduced in 
Section 3.1.1, although, as commonly reported in the literature reviewed in Section 3.1.3, 
intensity maxima deviated from their ideal positions by several degrees. As seen from 
Fig. 3.3, the common wear texture found for the bronze has dominant  𝐵/𝐵 components, 
with a weak 𝐴2
∗  component, and no 𝐴1
∗  component. Note that the texture components are 
rotated by ≈ 5˚ toward the sliding direction. The evolutions of the major texture 
components 𝐵/𝐵 and 𝐴2
∗  at the subsurface of a solutionized pin are shown in Fig. 3.4 (b) 
and (c). It can be seen that the volume fraction of textured grains increases towards the 
surface. One additional feature of the {111} pole figure shown in Fig. 3.3 is that there is 
some imbalance between the intensity of the 𝐵 and 𝐵 components. A careful examination 
of all pole figures recorded indicated that this asymmetry is not a result from local 
variations of texture development along the sliding direction. In fact, in pins where an 
asymmetry between the 𝐵 and 𝐵 components was observed, the same variant was more 
intense in all areas investigated, typically 3 per samples. Moreover, when wear test 
60 
 
conditions were such that a relatively thick nanolayer formed, we found that the 
asymmetry could vary with the distance from the sliding surface. As illustrated in Fig. 
3.5, for that particular sample, the 𝐵 component is more intense in the top part (region (1) 
in Fig. 3.5) of the SPD layer, while the 𝐵 component is more intense in the bottom part 
(region (4) in Fig. 3.5). ODF maps (see Fig. 3.6) confirmed that these texture components 
were the only significant ones in these SPD layers. 
 
In order to find out whether the same final texture would be reached, regardless of the 
initial texture, three wear tests were performed with pins that are rotated around ND after 
an initial texture of 𝐵/𝐵 and 𝐴2
∗  were developed by steady state wear under 98N load.  
The first pin was used as a reference where the wear tests were resumed without rotation 
of the pin. The second pin was rotated around ND for 90
o
 so that the initial textures are 
 1 12 < 111 > /  11 2  < 1 1 1 > and  111  < 11 0 >. The third pin was rotated around 
ND for 180
o
 with initial textures of 𝐵/𝐵 and 𝐴1
∗   1 1 1 < 112 >. After wear tests under 
the same test condition (98N load, 0.25m/s, for 2.5 hrs), the three pins exhibit the same 
shear textures 𝐵/𝐵 and 𝐴2
∗  with similar intensities, as shown in the {111} pole figures in 
Fig. 3.7, independent of their initial textures. Note the total pin height loss at this test 
condition is ~ 800 μm, much larger than the thickness of the textured nanolayer.    
 
We found that for specific wear test conditions, the steady-state texture differed from the 
one reported in Figs. 3.3, 3.5 and 3.6. This was the case for tests performed at 330˚C on 
the spinodally-hardened bronze with a 98 N load (other loads were not attempted). Under 
this condition, the wear rate is measured to be 2.6  10-5 mm2 and the friction coefficient 
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≈ 0.53. The texture for those samples showed an important difference over the previous 
shear components: the texture contained solely the 𝐴2
∗  component, as seen on Fig. 3.8. 
Returning now to RT tests, it was observed that low loads stabilized more complex 
textures, which contained new texture components. In particular, for the solutionized 
bronze worn under 0.98 N load, the main texture components can be approximated by a 
dominating copper texture  112 < 111 >, followed by  211 < 1 10 >, and a weak 
 011 < 110 > , i.e. 𝐶  component (see Fig. 3.9). It is worth emphasizing that the 
dominant component,  112 < 111 >, is not a shear texture but is in fact a common 
component found in rolling texture of Cu (or Al). Another point of interest is the fact that 
the  211 < 1 10 >  component is comprised of two twin-symmetric components, 
 211 < 1 10 >, and  2 2 1  < 11 0 >. The first component is however almost absent, as 
seen on Fig. 3.9 and on pole figures (not shown here). Table 3.1 summarizes the texture 
components found for all wear test conditions. 
 
3.3.2 Wear-induced textures in nickel 
In the case of Ni pins, strain profile measurements yielded a maximum equivalent strain 
of 4.1 at the top of the deformed bulk region. Similar to the bronze, a well-defined SPD 
layer is revealed by orientation mapping (Fig. 3.10 (b)), with an average grain size 
estimated to be ≈ 100 nm. The thickness of the SPD layer increased with load, from 2.5 
microns at 0.98 N to 8 microns at 9.8 N. Energy dispersive X-ray spectroscopy (EDX) 
measurements (Fig. 3. 10 (a) insets) indicate large amount of materials transfer from the 
bronze disc to nickel pin in the SPD layer. We skipped these regions for texture analysis 
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of the SPD layers of the Ni pins. For all wear test conditions investigated here, the same 
texture is observed, and it is dominated by the C component (see Fig. 3.11).  
 
3.4 Discussion 
Let us first consider the results obtained for Ni pins. The only texture component present 
in the nanolayer is the 𝐶 component, which is also the texture produced by simple shear 
in Ni at room temperature during torsion testing for plastic strains similar to those 
recorded here, εvM ≈ 4 [28].This dominance of the 𝐶  component is also predicted by 
computer simulations of texture evolution in fcc metals subjected to simple shear (see 
Appendix B). Canova et al. [14] showed in particular that, for grains with aspect ratio 
exceeding 3:1, a Taylor model with relaxed constraints is more suitable than a model 
with full constraints, and that, with relaxed constraints, the 𝐶 component becomes the 
dominant component. A unique 𝐶 component was also found in simulations reported by 
Hughes et al. [28] using a visco-plastic self-consistent model with dislocation slip only 
(no twinning). For simple shear deformation, it is presently accepted that there are no 
stable textures, and that texture components should continuously evolve upon increasing 
plastic strains [15]. For instance, the 𝐶 component should eventually transform back into 
the 𝐴2
∗  and then 𝐴1
∗  components, although the plastic strains required for these 
transformations appear to well exceed the ones reached in wear-induced nanolayers in Ni. 
 
Turning now to the Cu-Ni-Sn bronze pins, for a wide range of the wear test conditions, 
we observed a texture that is comprised of dominant 𝐵/𝐵 components, with a weaker 𝐴2
∗   
component. Although the stacking fault energy (SFE) of this particular bronze has not 
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been measured directly, analysis by Pal et al. clearly established that this Cu-15%Ni-
8%Sn bronze has a low SFE [29]. These authors estimated stacking fault energies of ~ 
0.96 mJ/m
2
 and ~ 0.81 mJ/m
2
 for Cu-15%Ni-5%Sn and Cu-15%Ni-9%Sn respectively by 
XRD peak shifts analysis. Note these SFEs are generally one order of magnitude smaller 
from those measured by electron microscopy, due to the known limitations of the XRD 
method [29]. This low SFE is consistent with our observations of numerous mechanical 
twins by TEM (see Fig. 2.9 (c) in Chapter 2) and by orientation mappings (see Fig. 3.2 
(b) and Fig. 3.4 (d)). A texture dominated by 𝐵/𝐵  components, with a weaker 𝐴2
∗  
component, is precisely the texture found in low stacking fault materials, such as Ag [11, 
30-31] or brass, subjected to simple shear. This texture can be described as the S3 shear 
texture in Van Houtte‟s classification [32]. Bateni and co-workers have reported on 
textures induced by sliding wear in steels, and for 304 austenitic stainless steels, which 
have low SFE energy, they did find shear texture dominated by the 𝐵/𝐵 components 
[33].  
 
In the introduction we emphasized the constraints imposed by the test symmetry on 
texture, and that the symmetry class for POD testing should be the domatic monoclinic 
class m in the most general case, but would become the prismatic monoclinic class 2/m if 
considering only fcc materials. However when the curvature of the wear track cannot be 
neglected, the texture would deviate from 2/m symmetry as there is not exactly a mirror 
symmetry around TD. Our results showed that the nanograin layers often displayed 
unequal intensity between the 𝐵 and 𝐵 components, thus breaking that mirror symmetry 
around TD. It is possible that these variations can be due to the effect of wear track 
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curvature. In addition, in figure 3.5, there is a clear texture evolution along ND. These 
observations suggest that strain gradients are present in the SPD layer and that they 
played a role on the development of texture in that layer. These results may stimulate new 
texture modeling that, unlike current models, incorporates strain gradient. It is important 
to note that wear-induced microstructures have strain gradients exceeding those typically 
found in torsion testing by one to two orders of magnitude. A last observation on 
symmetry considerations is that different wear tests can lead to symmetry classes distinct 
from the ones considered here. In fretting wear with a ball-on-disk geometry, for 
instance, the symmetry classes should be mm2 orthorhombic, since the periodic reversal 
of the sliding direction gives rise to a mirror symmetry with respect to SD. Furthermore, 
if strain gradients are negligible, the symmetry class would become mmm orthorhombic, 
that is, one would recover an orthotropic symmetry. 
 
The asymmetry between the 𝐴1
∗  and 𝐴2
∗  components was observed many decades ago both 
in torsion testing experiments and simulations [12]. As pointed out by Hughes et al. [28], 
twinning can play a direct role in this asymmetry since any grain with an 𝐴1
∗  orientation is 
transformed into 𝐴2
∗  by twinning, while the transformation from 𝐴2
∗  to 𝐴1
∗  is impossible 
because the corresponding crystallite would have to be sheared along the anti-twinning 
<112>. For Ni-60%Co alloys subjected to torsion testing, however, Hughes et al. [28] 
concluded from experiments and simulations that this direct effect of twinning on 𝐴2
∗  vs 
𝐴1
∗  asymmetry is small, and that the main effect is that the twinning-induced reorientation 
of grains, and the resulting changes in the distribution of slip activity on slip systems. In 
contrast, for Ag deformed by ECAP, where copious twinning is observed, Beyerlein et al. 
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[30] concluded that the direct effect of twinning was dominant. An important difference 
with torsion testing, however, is that, since Route A (sample is pressed repetitively 
without any rotation in Route A) was chosen for the ECAP, the 𝐴2
∗  grains present at the 
end of one pass became 𝐴1
∗  grains at the beginning of the next pass, thus providing a 
favorable orientation for twinning. Note this is exactly the same change of orientation by 
rotating the pin 180
o
 around ND after a steady state wear test. Our results indeed showed 
the 𝐴1
∗  transforms back to  𝐴2
∗  after anther steady state wear, similar to the behavior of Ag 
after ECAP by Route A [30].  
 
It is quite remarkable that, by performing POD wear tests on bronze pins at moderately 
elevated temperature, 330˚C, the texture was observed to be solely comprised of the 𝐴2
∗  
component (98 N load). To the best of our knowledge, a pure 𝐴2
∗  texture has never been 
reported in the literature, either after torsion testing or ECAP. Since the maximum strain 
measured just below the SPD layer, εvM ≈ 2.5 is very similar to the value measured at RT, 
εvM ≈ 2.0, and we can safely exclude that this change in texture is due to a change in 
strain. Furthermore, since the wear rate at 330˚C is only twice as large as that measured at 
RT, we can also exclude strain rate as the cause for this change in texture. Orientation 
imaging maps strongly suggest that the nanograin layer is a deformation layer, and not a 
recrystallized layer. This is moreover supported by the fact that the 𝐴2
∗  texture is a shear 
texture. Characterization of the SPD layer by transmission electron microscopy shows 
equiaxed nano grains with grain sizes ~ 20-50 nm are formed in the subsurface material 
(Fig. 3.12 (a) and (b)), different from the elongated grains observed in RT samples (Fig. 
2.5 (a) and (b)). Twins are frequently detected in the SPD layer (Fig. 3.5 (c) and (d)), 
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with no sign of recrystallzation or grain growth. A quantitative analysis of the volume 
fraction of twinned grains is unfortunately difficult with TEM analysis. As far as 
plasticity mechanisms are concerned, increasing temperature should favor cross-slip over 
twinning in this low SFE material. According to the published TTT diagram [34], 
however, holding this bronze at 330˚C for about 2 hours (the duration of the wear test) 
should lead to the precipitation of hard, ordered L12 and D022 precipitates, and thus 
hinder dislocation slip. More work is needed to elucidate these conflicting tendencies.  
 
Another important texture transition observed in bronze pins was the one induced by 
lowering the load, especially for the softer metallurgical condition (solutionized state). 
The resulting texture is complex (see Table 3.1) and, quite surprisingly, it is dominated 
by a copper rolling texture component,  112 < 111 >. It is noteworthy that for these 
wear test conditions, a very high friction coefficient was measured, from 1.0 for the 
spinodally hardened condition to 1.4 for the solutionized condition (see Fig. 2.2 in 
Chapter 2). Such high friction coefficients at low loads suggest that part of the normal 
load was accommodated by elastic deformation [35]. These results indicate that the 
different and complex textures observed at low loads might be linked to changes in stress 
states, although no specific correlation could be made at this time. To develop a better 
understanding of the effects of material properties and testing conditions on texture 
formation, it would be interesting to build a map of wear-induced textures as a function 
of load, sliding velocity, and possibly temperature. 
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In order to better understand how texture may affect friction, and ultimately wear, single-
contact friction tests have been performed by Azzi et al. [36] on well-defined textures 
formed during rolling and annealing. By performing micro-scratch testing on highly 
textured steels samples, which were cut along specific directions and planes, they showed 
that the friction coefficient of these steels was significantly influenced by the scratch 
plane and direction. For instance, in the case of stainless steel, they measured a decrease 
of the friction coefficient from 0.14, to 0.12, and finally to 0.10, for surfaces 
with  001 < 100 > ,  11 0 < 110 > , and  11 1 < 110 > orientations, respectively. 
They rationalized their results by proposing that the friction coefficient should be reduced 
when the scratch direction is parallel to the Burgers vector of dislocations, <110>, and 
when crystallographic planes at the surface are parallel to the dislocation glide planes, 
{111}. Notice that this would be satisfied during wear if the nanograin layer were to 
develop a 𝐴/𝐴 texture. Prasad and coworkers [37] studied in detail the friction and wear 
of single crystalline Ni blocks subjected to sliding wear by a Si3N4 sphere. They found 
that the steady-state friction coefficient was a strong function of the crystallographic 
orientation of the Ni substrate, with values decreasing from ≈ 0.7, to 0.6, to 0.36 for 
 001 < 110 > ,  001 < 100 > , and  011 < 211 > orientations, respectively. 
Moreover, for the same sequence of orientations, the amount and depth of plastic 
deformation increased. These authors proposed that the nanolayer acts as a solid lubricant 
and helped in reducing friction. For the  011 < 211 > orientation, the nanolayer was 
thick enough to be studied by TEM and Prasad et al. concluded that the grains were 
randomly oriented in this layer, and that it resulted from recrystallization. These features, 
which are quite different from the ones we have presented here, are in fact very close to 
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those reported for mechanically mixed layers [19, 38], and it could be that the effects 
reported by Prasad et al. [37] pertain to the mechanically mixed layer rather than the SPD 
layer investigated in the present work.  
 
3.5 Conclusions 
We employed orientation imaging microscopy to analyze the severely deformed layer 
produced in Cu-15Ni-8Sn bronze and Ni pin by dry sliding wear under various loads and 
temperatures. In all cases, a nanograined layer was observed, and this nanograined layer, 
under steady-state wear, was found to possess significant crystallographic texture. For Ni, 
the texture was found to consist only of a 𝐶 component, in agreement with torsion testing 
results. For most wear test conditions, in case of the bronze pin, the texture could be 
decomposed into two shear texture components, a dominant 𝐵/𝐵  and a weaker 𝐴2
∗ . 
Texture transitions were however observed when raising the wear test temperature to 
330˚C, producing to a pure 𝐴2
∗  texture, or when using low loads, resulting in complex 
textures, which even contained some rolling texture components. These low-load texture 
transitions correlated with a significant increase in friction coefficient. The geometry of 
pin-on-disk testing leads to different symmetry constraint on texture than in torsion 
testing or extrusion. Significant asymmetry was found in so-called twin-symmetric 
texture components such as 𝐵/𝐵, leading us to conclude, from symmetry arguments, that 
plastic strain gradients in the nanolayer may be large enough to influence texture. Several 
recent experimental reports established that crystallographic texture can significantly 
modify friction coefficient. These results combined with the ones reported here on texture 
transitions as wear test parameters are varied suggest that there is a need to improve our 
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understanding of wear-induced texture and texture transitions. This knowledge may 
potentially be used to include texture considerations in the design and selection of alloys 
for wear applications. 
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3.7 Figures and tables 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 3.1. Orientation of the specimen axes for the case of (a) torsion testing, (b) pin-on-
disk wear test. The shaded parts of the cylindrical shell and of the pin, respectively, 
represent a volume of interest for texture determination. 
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Figure 3.2. Forward scattered electron SEM image (left) and orientation imaging map 
(right) for the spinodally-hardened bronze worn under 98 N at room temperature. Local 
crystallographic directions of the sliding direction, SD, are colour-coded according to the 
inset. The sliding direction is indicated as SD. The image on the right is a high-resolution 
orientation mapping of a selected region of the large-scale and low-resolution image on 
the left. 
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Figure 3.3. {111} pole figures of (a) common ideal shear texture components:  1 1 1 <
112 >  ( 𝐴1
∗ ),  111  < 112 >  ( 𝐴2
∗ ),  1 12 < 110 >  ( 𝐵 ),  11 2  < 1 1 0 >  ( 𝐵 ), and 
 001 < 110 > (𝐶); (b) textured SPD layer of spinodally-hardened bronze pin worn 
under 98 N at RT, which is decomposed into, (c) (𝐵/𝐵 ) and (d) (𝐴2
∗ ) texture components. 
 
 
 
 
 
Figure 3.4. EBSD orientation map of solutionized bronze pin worn under 98 N load with 
crystallographic orientation normal to SD (a), 𝐵/𝐵  (red color) texture component map 
overplayed on band contrast image (b), 𝐴2
∗  (blue color) texture component map 
overplayed on band contrast image (c), and twin boundary (red color) map (d).  
(c)
(a) 2
0
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m
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Figure 3.5. EBSD map (enlarged from Fig. 3.4 (a)) of solutionized bronze pin worn under 
98 N load and {111} pole figures obtained at 4 different depths. Notice the dominance of 
the 𝐵  component near the sliding surface (region labeled (1)) and the dominance of the 𝐵 
component in the deepest region of the nanolayer (region labeled (4)). 
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Figure 3.6. ODF of the same SPD layer analyzed in Fig. 3.3. Euler angles 1, , and 2 
are defined using the Bunge convention. The black and red circles indicate where 
intensity should be found for the ideal 𝐵/𝐵  and 𝐴2
∗  components, respectively. The larger 
the circles, the higher the intensity should be for an ideal component. 
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Figure 3.7. {11 ND-SD pole figures of pins after rotating 0
o
 (a), 90
o 
(b), and 180
o
 (c) 
around pin normal direction after steady state wear tests. 
 
 
 
 
 
 
 
Figure 3.8. {111}, {100}, {101} pole figures of bronze worn under 98N load at 330˚C.  
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Figure 3.9. ODF of the SPD layer formed in solutionized bronze worn at 0.98 N. The 
orange, red and black circles indicate where intensity should be found for the ideal 
components  112 < 111 >,  2 1 1  < 11 0 > ,  001 < 110 >, respectively.  
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Figure 3.10. Forward scattered electron SEM image of cross-section of Ni worn under 
0.98 N, insets are Cu and Ni element mappings from the box regoin (a), and EBSD map 
with orientation normal to SD (b). Red arrows indicate sliding direction (SD). 
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Figure 3.11. {111}, {100}, {110} pole figures of Ni at worn under 0.98N load. 
 
 
 
 
 
 
Figure 3.12. BF (a) and (111) DF (b) cross-section TEM image, HRTEM images of twins 
(c), (d) of bronze pin worn under 98N load at 330˚C.  Inset shows the FFT of image (d).  
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Table 3.1. Texture components as a function of the wear test parameters for the three 
materials used as pin. Texture components are listed by decreasing intensity when more 
than one component is found.  
Material Load (N) Texture components 
 0.98  001 < 110 >, 

1 12  110 11 2   1 1 0  
Spinodally-hardened bronze 4.9 to 98 

1 12  110 11 2   1 1 0 , 

111   112  
 98 (at 330˚C) 

111   112  
 0.98 

112 111 ,

2 2 1  11 0 , 

001 110  
Solutionized bronze 4.9 

221  1 10 ,

1 12  110 11 2   1 1 0  
 9.8 to 98 

1 12  110 11 2   1 1 0 , 

111   112  
Nickel 0.98 to 9.8 

001 110  
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CHAPTER 4 
SINGLE GRAIN PLASTICITY IN SIMPLE SHEAR FROM SLIDING WEAR 
EXPERIMENTS ON Cu-15wt.%Ni-8wt.%Sn BRONZE 
 
4.1 Introduction 
Plastic deformation in crystalline materials involves processes such as dislocation 
slip and twinning, which often lead to local re-orientation of grains, and even grain 
subdivision at large enough plastic strains. Predicting the re-orientation of grains as a 
function of the strain, which impacts crystallographic texture and mechanical 
properties, remains a significant challenge owing to the multiscale nature of 
dislocation-based plastic deformation. There is therefore a need to obtain 
experimental data to which model predictions can be directly compared. This is the 
focus of this chapter. Currently, two main methods have been implemented for 
measuring experimentally the re-orientation within a single grain subjected to plastic 
deformation, but, as discussed below, these methods have so far been limited to 
small plastic strains, typically 15%. 
 
The first method takes advantage of EBSD in a SEM [1-5] to acquire orientation 
maps before and after deformation, with spatial resolution now down to tens of 
nanometers and angular resolution of about one degree. One then registers the maps 
before and after deformation using markers, e.g., microhardness indentation marks, 
ink speckle marks, so that local re-orientation within a grain can be determined as a 
function of the initial location and orientation. Using this approach, 
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Panchanadeeswaran et al. [1] investigated a split polycrystal aluminum sample 
subjected to channel die compression. They compared the measured re-orientation in 
58 grains with the predictions of a rate-dependent Taylor model [6-7], and they 
concluded that this model failed almost completely since it predicted the rotation 
direction successfully for only 9 out of 58 grains. In another study, Zhang and Tong 
[3] studied a binary aluminum alloy Al-0.5wt%Mg under uniaxial tension. The local 
orientation changes were measured by EBSD and strain by digital image correlation 
(DIC). They found that the plastic strain varied significantly, both within grains and 
from grain to grain, thus showing that Taylor‟s assumption of uniform strain was not 
valid in their case. Furthermore, many grains displayed clear evidence of activity of 
multiple slip systems, therefore invalidating the single slip assumption of Sach‟s 
model [8]. A detailed investigation carried out by Thorning et al. [4] yielded the 
local crystallographic rotation in one grain at the surface of a polycrystalline Cu 
sample deformed in tension. These authors showed that different regions within this 
analyzed grain rotated around different directions, a phenomenon that, at larger 
strains, would result in grain subdivision. Very recently, Michiuchi et al. [5] used 
EBSD to determine crystal rotations of martensite blocks during tensile deformation 
up to 20%, and compared these rotations with the ones predicted by several crystal 
plasticity models, thus allowing these authors to identify the effect of local strain 
hardening on the selection of active slip systems. Quey et al. [9-10] carried out a 
tracking of microtexture using split samples of polycrystalline aluminum in hot plane 
strain compression.  These authors forward the concept of rotation variability at 
constant orientation, to quantify the variation of rotation angle for grains with similar 
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initial orientation, and note that variability cannot be described through the classic 
Taylor model. 
 
One major limitation of the above EBSD studies is that they are restricted to free 
surfaces, as in ref. [4], or constrained surfaces of split samples as in ref. [1, 9]. This 
limitation can be overcome by using a second method, relying on synchrotron-source 
three-dimensional x-ray diffraction (3DXRD). With this technique it becomes 
possible to monitor the lattice rotations of grains buried a millimeter or more into a 
sample, that is, truly bulk grains. In particular, Margulies et al. [11] performed in situ 
measurements of grain rotation during tensile test of aluminum. They observed a 
spread, i.e. variation of orientation within a grain, of about 2˚ at a strain of 11%, and 
they also showed that Sachs model predicted grain rotation better than Taylor model, 
although Sachs model failed for certain initial grain orientations. In later reports [12-
13], lattice rotations of 95 individual bulk grains of aluminum during 6% tensile 
elongation were recorded. By comparing experimental observation with various 
plasticity model predictions, the authors identified four different regions in 
orientation space with different rotation behavior and concluded that initial grain 
orientation is the main factor controlling lattice rotation. While Sachs and Taylor 
models give reasonable rotation predictions for some orientations, in particular near 
<110>, both models fail near the <100> orientation. Although 3DXRD experiments 
yields important and unique information on bulk grain rotation, the technique has a 
relatively poor spatial resolution, a few micrometers. 
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Limitations of the methods reviewed above are that the analysis is limited to small 
plastic strains, or provide data at only incremental strains. In the case of EBSD 
studies on free or split surfaces, surface roughening of the sample, makes it difficult 
to obtain an accurate measure of the local crystal orientation at larger strains. In the 
case of 3DXRD, the limitation results largely from the fact that deformation is most 
conveniently achieved by tensile testing, thus limiting the amount of uniform 
deformation that can be reached. In this chapter, we propose an alternative method to 
investigate grain-level plasticity by subjecting samples to severe plastic deformation 
using pin-on-disc (POD) wear testing, and measuring grain rotation with EBSD on 
cross sections. Under appropriate wear test conditions and for large enough grains, 
this approach provides a continuous history of single grain re-orientation, as a 
function of plastic strain well in excess of 100%. This data can be directly compared 
with predictions from grain plasticity models, as illustrated here with the Sachs and 
Taylor models. 
 
4.2 Experimental procedure 
The material selected for this study was a Cu-15wt%Ni-8wt%Sn bronze since 
detailed information on its wear response (see Chapter 2 and Refs. [14-15]) and 
crystallographic texture evolution at the wear surface is available (see Chapter 3 and 
Ref. [16]). Two types of samples provided by Brush-Wellman were used, wrought or 
cast. Disks, 105 mm in diameter and 5 mm thick, and pins, 6 mm in diameter, were 
cut by electric discharge machining (EDM) from this material. Three single crystal 
samples, 2 mm in diameter and 1 mm thick, were obtained by first identifying large 
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grains in the center of the cast material by EBSD, from which the single crystals 
were extracted by EDM cutting. The single crystal samples were then mounted on a 
pin for wear tests. Dry sliding wear tests were performed with a Koehler K93500 
pin-on-disc (POD) tester operating at RT in air. In all POD tests, the disks were 
made of the above spinodally-hardened bronze. The polycrystalline bronze samples 
were worn under 0.17Mpa normal pressure (unless stated otherwise) for 4 hours, and 
at a sliding speed of 0.05m/s. Wear tests for single crystal bronze were performed 
applying the same normal pressure for 1 hour, and at a sliding speed of 0.25m/s. 
These low sliding speeds were selected to suppress temperature increase near the 
sliding surface and the sliding time was such that pins had reached steady state wear.  
 
The laboratory frame of reference used to display the orientation of the grains is 
defined by the sliding direction (SD), the transverse direction (TD) in the sliding 
plane, and the normal direction (ND), as illustrated in Chapter 3 Fig. 3.1(b). The pins 
were cut for cross-sectional SEM observation so that the normal of the cutting plane 
was TD. The worn surface of the pin was then coated with 20~30 microns of Ni, 
using an electroless coating solution. The cross sections were first mechanically 
polished using SiC grinding papers with grit sizes up to 1200 followed by alumina 
colloidal solutions down to 0.05 micron, and then finally polished for 2 hours in a 
vibratory polisher with a 0.02 micron silica colloidal solution. Microstructural 
characterization and orientation mapping were performed in a JEOL 7000F SEM 
equipped with a field emission gun (FEG) and a HKL Technology EBSD system. 
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Orientation maps were acquired using a voltage of 25 kV, and a step size ranging 
from 10 to 100 nm. 
 
4.3 Crystal plasticity models 
The finite deformation framework used for various plasticity models in this work is 
based on the development of Asaro and Rice [7] (see Ref. [17-18] for a more recent 
description of the framework construction). During sliding wear, the macroscopic 
deformation mode can be approximated as simple shear [19-20]. Note the 
compressive strain induced by the normal pressure of 0.17 MPa is negligible. Simple 
shear deformation is also confirmed by the strain measurement as well as the 
presence of shear textures in the subsurface material (see Chapter 2 and 3). Using the 
(SD, TD, ND) frame of reference, the velocity gradient tensor for sliding wear takes 
the form  
                                                     
L 
0 0 1
0 0 0
0 0 0








 0  (s
1) .                                 (4.1) 
Based on the strain rate profiles measured during steady state wear, the reference 
strain rate   0  in equation (4.1) was chosen to be 0.001 s
-1
, and the step size was 
chosen as 0.1s, that is 0.01% plastic strain. Next the algorithms of various classical 
crystal plasticity models are briefly introduced. For their applications at the single 
grain level, the difference between models lies in the choices of active slip systems 
and the prediction of the associated amount of shear on those systems.    
 
4.3.1 Sachs model 
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Sachs model is based on the assumption that all grains in the polycrystal are 
subjected to the same macroscopic stress [8]. In each grain, deformation takes place 
by single slip on the most highly stressed slip system, i.e. the one with the highest 
Schmid factor. Sachs model is thus a single-slip model where force equilibrium is 
satisfied while compatibility across grains is violated.  
 
4.3.2 Taylor-type model 
4.3.2.1 Full constraint (FC) Taylor model 
This poly-slip model was originally proposed by Taylor [6] and later on rigorously 
derived by Bishop and Hill [21-22]. The main idea of full constraint (FC) Taylor 
model is based on the observation that during plastic deformation, most grains 
undergo about the same plastic strain [6]. For an arbitrary orientation, 5 slip systems 
need to be activated at the same time in order to produce the specified strain. The 
selection of slip systems for a certain strain is however not unique for fcc materials 
owing to the existence of 12 slip systems. This ambiguity problem of active slip 
system selection is solved here using a rate-dependent formulation [7, 23-24]. The 
shearing rate  
( )
 depends on the resolved shear stress  
( ) of each slip system 
according to 
    
 ( )   0
 ( )
g( )
n
sign( ( )),  ( )  m( ) : ,                  (4.2) 
where   0  is the same reference slip rate as equation (4.1),  
( ) is the resolved shear 
stress,  g
( )
 is the reference slip resistance or critical shear stress, and the power n is 
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the inverse of strain rate sensitivity. Work hardening of the crystal is modeled using 
[7]  
 
g( )  H  ( ) , H  qh0 1
g( )
gsat






a
, q  q+ 1 q   , (3) 
where 1.4q   is the ratio between latent hardening and self hardening, and identical 
values are assigned to the hardening parameters 0h , satg  and a  for all slip systems. 
Fitting the stress-strain curve predicted by FC Taylor model with the stress-strain 
curve experimentally measured during torsion testing of the bronze (results not 
shown here) yielded the following values: 0h =9Gpa, satg =528MPa, a =3.5, and for 
 =0,  g
( )
=165MPa. 
   
4.3.2.2 Relaxed constraint (RC) Taylor model 
While FC Taylor model assumes that in general five active slip systems are 
necessary during plastic deformation to ensure compatibility, it has been shown that, 
for large-scale deformation, less than five slip systems are active, leading to the 
development of relaxed constraint (RC) Taylor model [25-26]. The deformation 
mode during sliding wear is simple shear, as in torsion testing, and compatibility 
requirements can thus be restricted to only three components of the total strain while 
force equilibrium is applied to the other components of stress: 
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 
D11
C   (s)m11
(s)
s

D22
C   (s)m22
(s)
s

D31
C   (s)m31
(s)
s

12
C  0
 23
C  0
.                                       (4.4) 
The rate-dependent equation (4.2) and work hardening rules (4.3) are again used for 
resolving the ambiguity problem in choosing active slip systems in the RC Taylor 
model. The complete algorithms for FC and RC Taylor model that were developed 
and used in this work can be found in Appendix B. 
 
4.4 Results 
4.4.1 Microstructure near the worn surface 
Details about the wear tests, strain profile, and strain rate measurements can be found 
in Chapter 2. The maximum equivalent Von Mises strain, which is reached at the 
surface, was measured to be ≈ 190%, or 329% shear strain, using marker 
displacement method. The maximum strain rate, reached at the surface, was found to 
be ≈ 1×10-3 s-1.  
 
For the wear test conditions employed in this work, a thin nanocrystalline layer, 
typically less then a micron thick, was always observed at the top worn surface. 
Results on this nanocrystalline layer and its crystallographic texture are reported in 
Chapter 3. Directly underneath this nanocrystalline layer, for the normal pressure 
used in this study, 0.17 MPa, as well as for pressures down to 0.035 MPa (the lowest 
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pressure accessible with our present set-up), two distinct grain morphologies were 
observed. In some grains, significant restructuring and subdivision was observed 
over several microns below the nanocrystalline layer (see Fig. 4.1 (a)). In other 
grains, no subdivision was observed, and the bulk grains remained present all the 
way to the topmost nanocrystalline layer, despite the severe plastic deformation (see 
Fig. 4.1 (b)). No correlation was observed between the initial orientation of a grain 
and the presence or absence of subdivision in that grain. Analysis along the worn 
surface revealed in fact that grain subdivision took place systematically on the side 
of grain boundaries that are closer to the leading edge of the pin. For this 
polycrystalline sample, these grain boundaries were mostly twin boundaries. To 
provide further insight on the role played by grain boundaries on grain subdivision, 
wear testing was performed on three single crystal samples, using the cast material, 
at the same normal pressure of 0.17 MPa. In all three cases, no grain subdivision 
took place below the topmost thin nanocrystalline layer. It is therefore concluded 
that, at low or intermediate normal pressures, twin or high angle grain boundaries 
were necessary to trigger grain subdivision below the topmost nanocrystalline layer. 
Detailed results concerning the role of grain boundary on grain restructuring will be 
presented in Chapter 5. We note also that at higher normal pressures, e.g., 3.5 MPa, 
grain subdivision was observed in all grains below the worn surface. In this work, we 
selected the normal pressure of 0.17 MPa and focused on the rotation of grains that 
did not undergo subdivision, so that individual grain rotation can be recorded over a 
large range of effective shear strain, up to 190%. 
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4.4.2 Individual grain rotation measurements 
Twenty-one grains from the polycrystalline wrought material and three single 
crystals extracted from the cast material were selected for this study. Their initial 
orientation is given in Table 4.1, using Bunge-Euler angles, and plotted in Rodrigues 
space (Rodrigues vector 𝑹  is defined as 𝑹 = 𝒏 𝑡𝑎𝑛
1
2
𝜔 , where 𝒏  and 𝜔  are the 
rotation axis and angle respectively [27]) in Fig. 4.2 (a) which shows that the grains 
covered a wide range of initial orientations. The ND inverse pole figure in Fig. 4.2 (b) 
displays the grain re-orientation up to 20% equivalent strain (for the sake of clarity). 
Unlike the case of materials subjected to tensile deformation or plane strain 
compression (see the Introduction), the inverse pole figure does not show any 
particular correlations between the initial orientation of a grain and its re-orientation 
upon deformation. This result is not surprising since there are no stable 
crystallographic orientations during simple shear or pure shear deformation [28-30]. 
Grain re-orientation was analyzed in detail, and by comparing with model 
predictions three types were distinguished, hereafter referred to as group A, B, and C, 
which are illustrated below with three grains and one single-crystal sample. 
 
4.4.2.1 Detailed analysis for grain A1 
Fig. 4.3(a) is the EBSD orientation map (orientation in ND direction color-coded 
according to the legend triangle) of grain A1. A misorientation of 40
o
 was measured 
over 20 µm along ND, below the worn surface. The Schmid factors (SF) of the 
twelve {111}<110> slip systems are plotted in Fig. 4.3(b) as a function of distance 
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from the worn surface. It can be seen that one slip system, (111)[011] dominates for 
the whole deformation path. The rotation within grain A1 is plotted as a function of 
the strain on a {111} pole figure, Fig. 4.3 (c), using an equal area projection and the 
upper hemisphere as the projection hemisphere [31]. During wear test, since shear 
takes place along SD, a rigid body rotation of grains around TD is expected. The 
rotation is clockwise when looking down along TD, and therefore in {111} SD-TD 
pole figure, this rigid body rotation alone would result in the rotation of the 
projection of the poles around TD, along the (-SD) axis. Such a trend is indeed 
observed in Fig. 4.3(c). The analysis of {110} pole figures (not shown here) was 
consistent with all the observations made from the {111} pole figures.  
 
The Sachs and FC Taylor model predictions for rotation in grain A1 are plotted in 
Fig. 4.3(d), for an equivalent strain of 100% (for all simulations, an equivalent strain 
of 100% was used). Note the equivalent strain used is smaller than the experimental 
value measured here, ≈ 190%. This choice is however motivated by one of the well-
known deficiencies of Taylor type models, that they predict the evolution of texture 
as a function of strain too rapidly than experimental results [18]. Instead of the 
uniform deformation gradient applied in Taylor model, real polycrystals exhibit 
formation of dislocation structures well below the grain level, and the subdivision 
process relaxes the average stress field, thus minimizes the energy of dislocation 
structure and delays texture development [32-33]. Now returning to the results of 
grain A1, as expected, the total amount of grain rotation is larger for the FC Taylor 
model than for the Sachs model, since the Taylor model assumes poly-slip, so 
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generally the total amount of shearing on various crystallographic slip systems is 
smaller. It can be seen that, for grain A1, the Taylor model is successful in predicting 
the trajectory of re-orientation of all four {111} poles. Grains possessing this 
property were assigned to the “A” family (grains A1 to A8).  
 
4.4.2.2 Detailed analysis for grain B1 
The second family of grains is comprised of grains for which the measured re-
orientation is between the ones predicted by Sachs and Taylor models. Fig. 4.4(a) 
shows the EBSD orientation map (orientation in ND direction color-coded according 
to the legend triangle) of grain B1. A misorientation of 22
o
 was measured over 17.7 
µm along ND, below the worn surface. The Schmid factors (SFs) of the twelve slip 
systems plotted in Fig. 4.4(b) shows that two slip systems, (111)[101] and (111)[1
10] have high SFs. In addition, two other slip systems (111)[101] and (111)[1 10] 
also possess significant SFs at depth less than ~5 µm below the worn surface. The 
rotation within grain B1 is plotted as a function of the strain on a {111} pole figure 
in Fig. 4.4(c). Besides the rotation of the projection of the poles around TD, a smaller 
rotation about SD is present as well.  
 
The Sachs and FC Taylor model predictions for rotation in grain B1 are plotted in 
Fig. 4.4(d). It can be seen that, for grain B1, the trajectory of re-orientation of the 
four {111} poles is intermediate between the Sachs and the FC Taylor model 
predictions. For the Sachs model, the active slip system is (111)[101] (or initially 
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( 0.20  0.32  0.92)[0.89 0.32 0.31] if represented in the laboratory frame) since it has 
the highest SF, 0.83, initially. This slip system was kept as the only active one as it 
retained the highest SF for the whole deformation. Due to the fact that the slip 
direction b=[ 1 01] is ~ 27 
o
 away from SD, the overall grain rotation direction 
predicted by the Sachs model is far different from the rigid body rotation. The 
presence of a clockwise rotation around (-SD) is however in qualitative agreement 
with the experimental result. The FC Taylor model also fails to predict either the 
direction or amount of rotation for grain B1. The stress state (given in the laboratory 
frame) after 5% equivalent strain is calculated to be  
𝜎 =  
−520.7 −299.1 698.2
−299.1 −22.8 −66.0
698.2 −66.0 543.5
  (MPa). 
Despite a large 13  component due to simple shear in 1 (SD) direction, FC Taylor 
model also predicts a fairly large 12 , in contrast with the macroscopic stress state. 
Although neither Sachs model nor Taylor model predict grain reorientation correctly, 
it is interesting to note that the real behavior of the grain (both the amount and the 
direction of grain rotation) lies in between. This may be due to the fact that Sachs 
model and Taylor model provide a lower and upper bound for crystallographic 
plasticity, respectively. 
 
Next, we compare experimental measurements with the RC Taylor model, using Eq. 
(4.4). The stress state after 5% equivalent strain is calculated to be  
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𝜎 =  
−405.5 0 667.6
0 2.1 0
667.6 0 403.4
  (MPa). 
where the only non-zero off-diagonal term is 13 . The prediction of grain rotation by 
the RC Taylor model (blue curve in Fig. 4.5(a)) is however not too different from the 
FC Taylor model. The effect of exponent n is also studied, and the results plotted in 
Fig. 4.5 show that a lower n value yields a slight improvement. Nevertheless, for 
grain B1, all the models tested so far failed to predict the grain rotation even in an 
approximate way.  
 
To investigate the physical origin of the discrepancy between experiment and various 
model predictions, the SFs and strain rates of the twelve slip systems after an 
equivalent strain of 5% are listed in Table 4.2. Two slip systems (111)[101] and 
(111)[110] have relatively high SFs, 0.8271 and 0.7328 respectively. The failure of 
Sachs model can be ascribed to the fact that it assumes slip on the first system only. 
For FC and RC Taylor models, however, a remarkable observation is that, for n=20, 
both models fail to predict a significant amount of slip activity on the slip system 
with the highest SF, (111)[101]. The situation improves slightly when a smaller n is 
used, in agreement with the better grain rotation predictions in Fig. 4.5. However, the 
selection of a small n value has no physical meaning and it tends to average slip on 
all the active slip systems. It is thus concluded that the failure of Taylor-type rate 
dependent model here is due to an incorrect selection of active slip systems.  
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The above deficiencies of the Sachs and Taylor models suggest that, for grain B1, an 
improved agreement with experiments might be obtained by combining these two 
models. Combining Sachs and Taylor models has been for instance used in the past 
with some success to improve texture predictions [e.g. [34-35]]. Here we decompose 
the total velocity gradient 𝐿 into two parts:  
                                  𝐿 = 𝐿1 + 𝐿2, 𝐿1 = 𝜆𝐿, 𝐿2 =  1 − 𝜆 𝐿, 𝜆 ∈  0,1 ,                (4.5) 
where 𝐿1 is used for the Sachs model, and 𝐿2 for the FC Taylor model, with   as a 
weighting factor. The best agreement between this mixed model (hereafter called 
intermediate Sachs-Taylor model) and the experiments is obtained for  =0.53 (blue 
curve in fig. 4.5(b)). Despite the improvements over Sachs or Taylor model, this 
intermediate model does not capture all the features of the experimental rotation, see 
in particular the evolution of the ( 1 1 1) pole. One important limitation of this 
approach is that the optimum value of   is not known a priori and that it would vary 
with the orientation of the grain. One should also note that, from a fundamental 
perspective, such a model does not correspond to any well-defined compatibility and 
mechanical equilibrium conditions. 
 
4.4.2.3 Detailed analysis for grain C1 
The third family of grains is comprised of grains for which the measured re-
orientation lies outside the ones predicted by Sachs and Taylor models. Fig. 4.5(a) is 
the EBSD orientation map (orientation in ND direction color-coded according to the 
legend triangle) of grain C1. A misorientation of 34
o
 was measured over 15 µm 
along ND, below the worn surface. The Schmid factors (SF) of the twelve slip 
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systems plotted in Fig. 4.6(b) shows that two slip systems, (111)[011] and (111)[01
1] have high SFs initially, but the second most active slip system should switch to (1
11)[101] just below the worn surface. The rotation within grain C1 is plotted as a 
function of strain on a {111} pole figure in Fig. 4.6 (c). Besides the rotation of the 
projection of the poles around TD, a smaller rotation about SD is present as well. 
The Sachs and FC Taylor model predictions for rotation in grain C1 are plotted in 
Fig. 4.6(d). It can be seen that neither model is successful in predicting the trajectory 
of re-orientation of any of the four {111} poles. Note that in this particular case, 
there is a change of primary slip system during the rotation predicted by the Sachs 
model, and this resulted in a change in trajectory of the poles in the pole figure, see 
Fig. 4.6(d). 
 
4.4.2.4 Detailed analysis for grain SX1 
The EBSD orientation map of single crystal SX1 is shown in Fig. 4.7(a). As 
indicated in Section 4.4.1, no grain subdivision took place. A misorientation of 18
o
 
was measured over 25 µm along ND below the worn surface. The Schmid factors of 
the twelve {111}<110> slip systems are plotted in Fig. 4.7(b) and the grain rotation 
is plotted as a function of the strain on a {111} pole figure in Fig. 4.7(c). It can be 
seen that the slip system (111)[1 10] possesses the highest SF along the whole depth. 
Fig.4.7(d) shows that the Taylor model is successful in predicting the re-orientation 
of the four {111} poles, and thus this single crystal belongs to the group A. Note that 
in this case, grain rotation predicted by Taylor model is smaller than Sachs, in 
contrast to the general behavior. This point will be discussed in Section 4.6.  
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4.4.3 Summary for all grains 
Taylor model predicted successfully re-orientation in nine grains, A1 to A8, and 
SX1. The re-orientation was found to be intermediate between Taylor and Sachs in 
seven grains, grains B1 to B5, and SX2 and SX3. The remaining eight grains 
displayed re-orientations that deviated significantly from model predictions, grains 
C1 to C8. The Taylor factor M, as defined by Bishop and Hill [21-22], is given for 
the 21 grains in Table 4.1. It can be seen that there is no clear correlation between the 
initial Taylor factor and the A-C groups. Moreover, as seen on Fig. 4.2 (b), there is 
no apparent correlation between the initial grain orientation and these groups. 
 
4.5 Discussion 
Sliding wear of metallic materials leads to severe plastic deformation that is confined 
just below the wear surface, typically extending over several microns to a few tens of 
microns. For materials comprised of large enough grains, as studied here, the whole 
deformation range is therefore contained within individual grains, and 
crystallographic re-orientation within each grain can be directly measured as a 
function of the distance to the wear surface. Supplementing this information with a 
strain profile, measured by any internal marker displacement technique, yields the re-
orientation as a function of strain for many grains from just one cross sectional 
sample. Furthermore, the strain rate profile can also be accessed as long as wear had 
reached steady state. The main advantages of this approach is that large plastic 
strains can be reached, well exceeding 100% equivalent strain, and that the re-
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orientation measured is truly representative of a bulk behavior, since the cross-
sections for EBSD analysis are prepared after the wear test. Furthermore, as 
demonstrated here, this method can easily be applied to single crystals, thus 
eliminating the influence of grain boundaries and neighboring grains on grain re-
orientation. The material selected for the present work is a Cu-15Ni-8Sn bronze but 
the approach is general; for instance, preliminary results have been obtained on pure 
Ni. For softer materials such as pure Cu, lower normal pressures have to be used to 
avoid grain subdivision, but these lower pressures are not accessible with our present 
pin-on-disk wear tester. 
 
One key assumption of the present method is that the rotation of different volume 
elements, located at different depths below the wear surface, but captured at the same 
time (that is when the wear test was stopped), provides the same information as the 
rotation of one single volume element as a function of time. The latter evolution is in 
fact the one that is simulated by the single-grain plasticity models considered here. 
The fact that grain rotation is well predicted by a simple Taylor model for 9 (group 
A) out of 24 grains, and intermediate between that of Sachs and Taylor models for 
another 7 grains, provides strong support for the validity of this key assumption. 
These facts also support the simple shear approximation used for the plasticity 
models. When a plane strain compression is applied in addition to simple shear 
deformation for Taylor models, 1 out of the 15 grains from group B and C shows a 
better agreement with the experiments when 100% compressive strain is added, 
which is unrealistic. These results further confirm that compression can be safely 
100 
 
neglected. We note also that the present experimental rotations are accompanied with 
a variation in strain rate along the strain path. This strain rate gradient can affect 
crystal re-orientation. At the low homologous temperatures employed here, however, 
this effect is not expected to be very significant; model predictions were essentially 
unchanged when the strain rate was increased or decreased by one order of 
magnitude compared to the reference strain rate ( 0 ) of 10
-3
 s
-1
. On the other hand, 
gradients in plastic deformation do play a role in the evolution of orientation through 
consideration of continuity [36]. The experimental procedure detailed herein 
provides an avenue for direct study of the effect of texture evolution in the presence 
of a gradient in the plastic deformation.  
 
In tension, plane strain compression, and rolling, it has long been established that the 
crystallographic orientation plays an essential role on the microstructure evolution 
and in cubic materials it is the primary factor controlling slip system activity [12-13, 
37-42]. In these studies, grains were observed to rotate toward stable crystallographic 
orientations. No orientation is however expected to be stable in simple shear [28-30], 
and this is indeed consistent with our data, see Fig. 4.2(b). The general trend of grain 
re-orientation is dominated by a rotation around TD along (-SD), as observed in Figs. 
4.3-4.7. Significant deviations can however be observed, depending upon the 
distribution of plastic strain of the 12 slip systems.  
 
In particular, owing to the ability of measuring grain re-orientation continuously over 
a large range of plastic strain within a single grain, three important effects are 
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observed. Firstly, the pole trajectories in pole figures can display abrupt changes in 
direction, see pole (1 11) in Fig. 4.3(c) for example. Similar effects are also observed 
in the trajectories predicted from the Taylor model, see Fig. 4.3(d). Analysis of the 
slip activity near such a direction change indicates unambiguously that this is related 
to a change of the distribution of plastic strain over the 12 slip systems. Secondly, 
spread in orientation for each grain, measured by collecting orientation histograms 
for scans along SD at a given depth below the worn surface (distance along ND), 
remains less than 5˚ all the way to the end of the strain profile, in contrast to ref. 
[11]. Thirdly, it is also possible to track the reorientation velocity up to large plastic 
deformation. For example, for grain C8, misorientation angles measured vary from ~ 
0.5
 o 
- 2.2
 o
 between equivalent strain steps of 10%, as shown in Fig. 4.9 (b) and (d). 
In this case, the final grain orientation is close to an ideal shear texture component B, 
here the so-called component, which corresponds to a (112)[1 1 0] texture. 
Interestingly, the measured grain rotation does not „slow down‟ while approaching 
the B orientation, opposite to predictions by the Taylor type model, as shown in Fig. 
4.9 (a) and (c). Similar behaviors are observed for orientations close to other ideal 
shear texture components such as A (111)[110], B  (112)[110] and C (001)[110], for 
example, grain A7 (~ C ), B4 (~

A1
* ) and SX1 (~ B ). To develop a better 
understanding of the dynamics of texture evolutions, it will be helpful to study 
systematically the stabilities of shear textures. Potentially wear tests can be 
performed using single crystals with initial orientations close to shear texture 
components. By choosing appropriate wear test conditions, the continuous evolution 
of grain rotations of these ideal orientations can be measured up to large plastic 
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strains. The use of single crystals will also eliminate the effect of neighboring grains 
and grain boundaries.  
 
Although the simple plasticity models employed here have well-known limitations, it 
is instructive to use the present experimental data to analyze the successes and the 
failures of these models. Prior experimental results on the same worn bronze [14] 
have established that multiple slip systems are active below the wear surface. 
Therefore the assumption of single-slip in the Sachs model is not valid, and it is not 
surprising that this model does not predict correctly the re-orientation of any of the 
24 grains studied here. The Taylor model appears to yield satisfactory results when 
the number of active slip systems is large. Using a relative strain threshold of 10% of 
the most strained system as a criterion to identify active slip systems, it is found that 
grains belonging to group A had initially 4 to 8 active slip systems, in comparison to 
2 to 4 for the grains belonging to group B. When the Taylor model fails, the Schmid 
factors determined from the measured grain orientations suggest that the failure is 
largely due to an incorrect selection of slip systems. For grain B1, for instance, the 
fraction of the plastic strain carried by the slip system with the highest SF is less than 
5% of the reference strain rate 0 , all the way to the surface. Our work shows that 
the intermediate Sachs-Taylor model can also improve the agreement between 
measured and calculated grain rotation, as compared to Taylor model. The 
intermediate Sachs-Taylor model was first developed to predict texture evolution of 
fcc materials with different stacking fault energy [34-35]. For example, Ahzi et al. 
have shown that by varying the weighting parameter from 0 to 1, a texture transition 
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from copper type to brass type can be obtained for fcc materials under tension or 
compression [34-35]. As mentioned in Section 4.4.2.2, however, the intermediate 
Taylor-Sachs model cannot be predictive since there is no a priori method to 
determine the optimum weighting parameter  . This intermediate model is 
nevertheless interesting in the present context, as it shows that even a crude 
correction of the deficiency of the Taylor model regarding activity of slip systems, 
yields a significant improvement in modeling grain re-orientation. It is clear that 
adequate modeling of wear-induced grain re-orientation will require advanced 
modeling. For instance, a viscoplastic model based on fast Fourier transform has 
successfully reproduced grain re-orientations measured by EBSD in a Cu polycrystal 
deformed to 11% in tension [39]. It would be quite interesting to apply this model to 
the EBSD data collected in the present work. 
 
The effect of local strain gradients induced by surrounding grains on grain 
deformation kinetics has long been an outstanding issue in plasticity [44]. Delannay 
et al. [45] performed finite element simulations of 12 grains with identical initial 
orientation but distinct neighborhood, deformed in plane strain compression. They 
found that even after a moderate strain of 51%, the average misorientation between 
two originally identical grains can vary from 6.4
o
 to 10.8
o
. From the 24 orientations 
studied here, 3 pairs of grains with similar initial orientation were found. These pairs 
were A2/A3, C3/SX2, and A4/B1, with initial misorientations of 8.74˚, 9.74˚, and 
8.36˚, respectively, as shown in Fig. 4. 8. For the first two pairs, the paired grains 
rotated very similarly: using the first grain of the pair as a reference, the orientation 
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of the second grain changed only by 8.76˚ and 12.98˚ for A2/A3 and C3/SX2, 
respectively; in contrast the orientation of B1 for the pair A4/B1 changed by 35.08˚. 
This suggests that the initial orientations of the two grains of A4/B1 pairs belong to 
different basins of attraction of the reorientation velocity field [43]. An alternative 
explanation is that the difference between the three pairs arise from external factors, 
such as grain boundaries [46-48] and grain-grain interactions [49-51]. A systematic 
study of single-crystal re-orientations, based on the method introduced here, should 
provide additional insights on this point. 
 
4.6 Conclusions 
A novel approach is proposed to study single-grain plasticity in metallic materials by 
subjecting these materials to sliding wear. The resulting severe plastic deformation is 
confined to a few microns or tens of microns below the sliding surface, and thus is 
confined in one grain for large enough grain size. By combining EBSD analysis of 
the grain orientation as a function of depth with a measure of the strain profile using 
a marker displacement technique, the continuous evolution of the grain orientation 
versus strain is revealed, for strains well exceeding 100%, here 190% for a Cu-15Ni-
8Sn bronze subjected to self-mated dry sliding wear testing. The method is applied to 
21 grains from a polycrystalline wrought material and to 3 single crystals extracted 
from a cast material. Comparison of the results with predictions from Sachs and full-
constraint rate-dependent Taylor models provides strong support for the validity of 
the method. It also sheds light on the limitations of these models and on single-grain 
re-orientation in simple shear. Finally this approach makes it possible to study 
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directly the effect of neighboring grains on grain re-orientation by using responses 
from single crystals as a reference.    
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4.8 Figures and tables 
 
 
Figure 4.1. Cross-section orientation map (with orientation in ND direction) of grains 
that near a twin boundary (a); and cross-section orientation map (with orientation in 
ND direction) of a grain interior far away from grain boundaries. 
 
 
 
 
 
 
 
 
Figure 4.2. Initial orientations of 21 grains (group A to C) from polycrystal sample, 
and SX 1 to 3 from single crystal samples in Rodrigus space (a), ND inverse pole 
figure of all experimental results for 21 grains (group A to C) from polycrystal 
sample, and SX 1 to 3 from single crystal samples. The initial orientation is shown in 
black and orientation after 20% eqv strain is shown in red square (color online) (b).  
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Figure 4.3. (a) Cross-section orientation map (with orientation in ND direction), (b) 
Schmid factor profiles (the caption lists the slip systems in decreasing order of initial 
SFs), (c) SD-TD {111} pole figure, and (d) Sachs (green⃞) and FC Taylor (magenta
✩) model predictions of grain A1. The color/grey scale code in (c) is obtained from 
the data shown in (a) (color online). 
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Figure 4.4. (a) Cross-section orientation map (with orientation in ND direction), (b) 
Schmid factor profiles (the caption lists the slip systems in decreasing order of initial 
SFs), (c) SD-TD {111} pole figure, and (d) Sachs (green⃞) and FC Taylor (magenta
✩) model predictions of grain B1. The color/grey scale code in (c) is obtained from 
the data shown in (a) (color online). 
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Figure 4.5. (a) SD-TD {111} pole figure of grain B1 calculated using Relaxed 
Constrains (RC) Taylor model with rate dependent exponent n=1, 5 and 20. (b) SD-
TD {111}pole figures of FC Taylor (magenta), Sachs-Taylor with =0.53 (blue) and 
Sachs (green) model predictions for grain B1. 
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Figure 4.6. (a) Cross-section orientation map (with orientation in ND direction), (b) 
Schmid factor profiles (the caption lists the slip systems in decreasing order of initial 
SFs), (c) SD-TD {111} pole figure, and (d) Sachs (green⃞) and FC Taylor (magenta
✩) model predictions of grain C1. The color/grey scale code in (c) is obtained from 
the data shown in (a) (color online). 
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Figure 4.7. (a) Cross-section orientation map (with orientation in ND direction), (b) 
Schmid factor profiles (the caption lists the slip systems in decreasing order of initial 
SFs), (c) SD-TD {111} pole figure, and (d) Sachs (green⃞) and FC Taylor (magenta
✩) model predictions of grain SX1. The color/grey scale code in (c) is obtained from 
the data shown in (a) (color online). 
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Figure 4.8. SD-TD {111} pole figures of (a) grain A2 and A3, (b) C3 and SX2, 
and (c) B1 and A4. 
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Figure 4.9. SD-TD {111} pole figures of (a) FC Taylor model prediction, (b) 
experimental result of grain reorientation of C8, plotted with equivalent strain 
step of 10%. Black triangles represent the position of B (112)[110] in SD-TD 
pole figure. Misorientation angle profiles of grain C8 measured from FC Taylor 
model (c) and experimental results (d). 
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Table 4.1. Bunge angles of initial orientations of 21 grains from polycrystal sample 
(group A to C) and 3 single crystal samples (SX1 to SX3) with their Taylor factors. 
 
                                         
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
ID Bunge-Euler angles ( 1  2 )(deg) Taylor Factor 
A1 70.8     43.3     31.4 2.3071 
A2 160.2    21.3      4.3 3.7880 
A3 163.1    27.5      7.7 3.6631 
A4 314.8    40.5     55.2 2.5416 
A5 117.7     8.2     67.9 4.0732 
A6 239.8    22.1     67.1 2.9863 
A7 240.0    17.6     80.5 3.0881 
A8 25.6     30.5     60.3 3.3040 
B1 318.8    32.5     49.4 2.7464 
B2 5.50     42.8     88.5 3.0984 
B3 221.0    17.8     18.0 3.0945 
B4 105.9    49.4     46.8 2.0161 
B5 337.7    20.9     15.6 3.8547 
C1 73.7     42.6      0.2 2.2022 
C2 358.4    18.0     13.8 3.9399 
C3 344.5    24.7     25.1 3.6765 
C4 164.4    52.2     46.0 3.9399 
C5 44.6     31.7     33.0 2.7561 
C6 269.8    32.8     10.4 2.7641 
C7 38.2     42.9     66.0 2.4876 
C8 324.7    27.7     81.6 2.9519 
SX1 221.5    27.2     88.0 2.9735 
SX2 342.2    30.2     18.8 3.5115 
SX3 286.0    38.4     50.3 2.4097 
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Table 4.2. Schmid factors and strain rates predicted by full and relaxed constraints 
Taylor model for n=20, 5 and 1, for the twelve slip systems of grain B1 after an 
equivalent strain of 5%.  
Slip system Schmid 
factor 
(FC Taylor 
n=20) 
 (10
-3s-1) 
(RC Taylor 
n=20) 
 (10
-3s-1) 
(RC Taylor 
n=5) 
 (10
-3s-1) 
(RC Taylor 
n=1) 
 (10
-3s-1) 
(111)[01 1] -0.0942 0.0043 0.0000 0.0004 0.0533 
(111)[101 ] 0.8271 0.0000 0.0001 0.1547 0.2800 
(111)[ 1 10] -0.7328 -0.7693 -0.8607 -0.5876 -0.3333 
(1 1 1)[011] -0.0197 -0.6288 -0.6603 -0.6435 -0.3608 
(1 1 1)[ 1 01 ] 0.0195 0.0000 0.0000 0.0202 0.1732 
(1 1 1)[11 0] 0.0393 0.0260 0.0000 0.0200 0.1876 
(1 11)[01 1] -0.0462 -0.0948 0.0000 -0.0213 -0.1820 
(1 11)[ 1 01 ] -0.1787 0.0000 0.0000 0.0007 0.1016 
(1 11)[110] 0.2249 0.0028 0.0000 0.0006 0.0804 
(11 1)[011] -0.2075 0.0260 0.0439 0.1198 0.2309 
(11 1)[101 ] 0.4658 0.0000 0.0000 0.0000 -0.0049 
(11 1)[1 1 0] -0.2583 -0.1110 -0.0084 -0.1292 -0.2259 
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CHAPTER 5 
GRAIN BOUNDARY EFFECT IN SIMPLE SHEAR 
 
5.1 Introduction 
Microstructural heterogeneities are often observed in the vicinity of grain boundaries 
(GBs) in polycrystal materials subjected to plastic deformation [1-9]. These 
heterogeneities, characterized by orientation gradient or lattice curvature, result from 
inter- and intra-granular incompatibility due to the presence of grain boundaries. The size 
and detailed microstructure of this orientation gradient zone (OGZ) (sometimes referred 
as grain boundary affected zone (GBAZ) [8, 10]) depend on the orientations of crystals 
on both side of the GB [3, 11], GB properties (structure and energy) [12-13], deformation 
mode and direction (with respect to GB plane) [8], the stress-strain history of both 
adjoining grains [5], etc. OGZ can strongly affect the mechanical response of polycrystal 
materials, thus a comprehensive understanding of its formation mechanism is of great 
importance.  
 
Macroscopic continuity at the GB generally requires more slip systems to be active near 
grain boundaries than in the grain interior [1-2, 14-15]. Livingston and Chalmers [1] used 
a dislocation-pile up model to predict additional slip systems in 24 bicrystals of 
Aluminum. They found that the slip systems on each side of the GB are geometrically 
related, and easy dislocation transmission takes place on slip systems that are most 
coplanar across the interface. Later on, Clark and Lee et al. [2] proposed three rules for 
GB slip transfer, which are widely used nowadays: 1) dislocations transmit on two slip 
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systems across the boundary when the angle between the two is minimum; 2) the 
transmitted slip direction is the one that maximizes the resolved shear stress; and 3) the 
activated slip system minimizes the magnitude of the residual dislocation left in the GB. 
Numerical and physical models adopting these rules have been used with success in 
predicting strain heterogeneity [16], texture evolution [17], and damage nucleation [18-
19] of materials in plastic deformation.  
 
Despite the large number of experimental and computational investigations, it remained 
unclear as to what extent are GB properties (structure and energy) influencing OGZ 
formation (as compared to other effects such as inter-granular compatibility, strain 
history etc. as listed above).  Mishra et al. [3] studied the sizes of OGZ in more than 150 
grain pairs of Aluminum deformed to true strains of 0.095 and 0.262. They found the 
ratio of OGZ sizes in a pair of grains is related to the ratio of their Taylor factors through 
an inverse power law. This simple relationship suggests that grain-grain interaction plays 
a significant role in OGZ formation in Aluminum while the effect of GB properties is not 
clear. Zaefferer et al. [11] performed channel die compression tests of three Aluminum 
bicrystals with different symmetric <112> tilt boundaries (8.7
o
, 15.4
 o
 and 31.5
 o
) up to a 
total thickness reduction of 30%. They found the deformation behavior of the bicrystals 
resembles two individual single crystals, and the grain boundary effect is very small. 
They also showed that a crystal plasticity finite element model that does not include any 
grain boundary information predicts the strain heterogeneity very well compared to 
experimental results.  
 
121 
 
In-situ or ex-situ TEM has also been applied to measure and study OGZ during plastic 
deformation [14-15, 20]. However, the area observed in TEM is rather small and may not 
be representative for the bulk material. Alternatively hard XRD has been used to perform 
in-situ nondestructive measurement of truly bulk material [7, 21], but it suffers from poor 
spatial resolution, usually 0.5~1 µm. Recent development in orientation mapping has 
made it possible to measure OGZ over millimeter size areas with high spatial resolution, 
~ 10nm when coupled with a FEG-SEM. In the present study, high resolution EBSD has 
been applied to study microstructure evolution near GBs of Cu-15wt.%Ni-8wt.%Sn 
deformed after pin-on-disc wear tests. This method is an extension of the one we applied 
previously to investigate individual grain rotations of polycrystal and single crystal 
CuNiSn (see Chapter 4 for details). We recall here that simple shear plastic deformation 
is enforced by subjecting the pin materials to dry sliding wear. By choosing appropriate 
testing condition (low load) and large grain size material, it is possible to confine the 
whole plastic deformation history within individual grains right below the sliding surface. 
Grain orientations and microstructures are measured with high resolution EBSD on cross 
sections of the pins. The rotation of different volume elements, located at different depths 
below the wear surface, but captured at the same time (that is when the wear test was 
stopped), provides the same information as the rotation of one single volume element as a 
function of time. The present work aims at using this method to study the effect of grain 
boundary character on microstructure evolution during simple shear. In addition, a new 
plastic instability, which is specific to wear testing, has been uncovered. 
 
5.2 Experimental procedure 
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The sample material selected for this study was the spinodally hardened Cu-15wt%Ni-
8wt%Sn bronze used in Chapters 2, 3, and 4. The procedure for preparing samples for 
EBSD analysis was the same as the one given in Chapters 3 and 4. Orientation maps were 
acquired using a voltage of 25 kV, and step sizes of 35 - 50 nm. 
 
5.3 Results 
5.3.1 Microstructure near general grain boundaries 
Microstructure characterization was performed on a CuNiSn pin after sliding wear tests 
under 0.5kgf (4.9N) load, at a sliding velocity of 0.05m/s for 4 hours. The maximum 
equivalent strain, which is reached at the surface, was measured to be ≈ 190%, using 
marker displacement method. Subsurface grains near general grain boundaries (excluding 
twin boundaries) exhibit no subdivision, and the bulk grains remained present all the way 
to the sliding surface, despite the severe plastic deformation (see Fig. 4.1 (b) in Chapter 
4). In the vicinity of grain boundaries, heterogeneous plastic deformation takes place and 
orientation gradient zones (OGZs) are often observed. Fig. 5.1 (a) shows an EBSD map 
of two grains separated by a high angle grain boundary of 50
o
. It should be pointed out 
that a complete description of a grain boundary requires five degrees of freedom, i.e. 
three that defines the misorientaion angle between the two grains adjoining the boundary 
and two that defines the boundary plane. 2D EBSD mapping adopted in the present work 
offers only the misorientation angle and one direction of the boundary plane contained in 
the cross-section plane; potentially 3D EBSD (2D EBSD with serial sectioning) mapping 
could be used to fully determine the grain boundary plane. In Fig. 5.1 (a), OGZs can be 
identified on both sides of the GB by the color variation (i.e. orientation change) near the 
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boundary compared to grain interior. In both grains, the OGZ size increases along the 
grain boundary towards the surface, that is, as the strain increases. At a distance of 3 µm 
below the sliding surface, the OGZ size is estimated to be ~ 4µm and ~ 2 µm for the top 
and bottom grain respectively. Misorientation measurements in Fig. 5.1 (c) show that the 
top grain rotates by ~ 50
 o
 while the bottom one rotates by ~ 19
o
 over 11 µm. This large 
difference in the amount of grain rotation is accompanied by the change of GB 
misorientation angle from 50
o
 to 35
o
 right below the sliding surface. In the top grain, two 
misorientation profiles are obtained along arrow B (through OGZ) and C (away from 
OGZ) as marked in Fig. 5.1 (a). Both curves show a sudden increase in misorientation 
angle at ~ 1.5 µm below the surface, indicating the formation of a subgrain boundary of ~ 
20
o
. Local grain orientation inside and outside OGZ are shown by the {111} pole figure 
of line B and C in Fig. 5.1 (b). Discontinuous rotations of the poles can be seen due to the 
formation of subgrain boundaries. The final orientation at the surface along B and C lines 
differs by 8.81
o
. Grain nucleation is also observed, as indicated by the yellow arrow in 
Fig. 5.1 (a). The nucleated grain, ~ 300 nm in size, is separated from the bottom grain by 
a low angle boundary of ~ 8
o
.  
 
5.3.2 Microstructure near twin boundaries 
A very different behavior is observed when the grain boundary is a twin boundary (twin 
boundaries identified by the software are boundaries with a 60˚ misorientation around a 
common <111> axis from the adjoining grains). Analysis along the worn surface revealed 
that grain subdivision took place systematically on the side of grain boundaries that are 
closer to the leading edge of the pin. In the CuNiSn polycrystalline sample selected for 
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the study, these grain boundaries were mostly twin boundaries (with occasionally high 
angle grain boundaries). Fig. 5.2 (a) shows a typical microstructure near a twin boundary 
in the bronze pin after self-mated wear test at 0.5 kgf load.  A microstructure instability, 
characterized by periodic oscillation of domains with different crystallographic 
orientations that are separated by subgrain boundaries, is observed at (and only at) the 
leading edge of twin boundaries. A misorientation profile from A to B on Fig. 5.2 (b) 
measured with respect to the original point A shows the periodic formation of low angle 
subgrain boundaries with a wavelength of ~ 3 µm. This microstructure instability will be 
referred as plastic stick-slip instability (PSS) (this designation will be justified in the 
discussion section) with the region marked by the red arrow in Fig. 5.2 (a) called „stick‟ 
region while the ones marked by the black arrow called „slip‟ region. 
 
Grain rotations of 48
o
 and 35
o
 are measured over 30 µm for the „stick‟ and „slip‟ regions 
respectively, as if the former experiences more sticking to the counterface during sliding 
wear, while the later experiences more slipping. Simple shear plastic deformation during 
sliding wear imposes a rigid body rotation around TD. This is equivalent to all the poles 
coming down along (-SD) direction in SD-TD pole figure. The grain rotations of the 
„stick‟ and „slip‟ regions are plotted in the {111} pole figure in the inset of Fig. 5.2 (a). It 
can be seen that grain rotation of the „stick‟ region is around TD, as expected, while that 
of the „slip‟ region is mainly around ND, quite surprisingly. The subgrain boundaries 
separating these regions increase from 0 to 30~40
o
 within 10 µm below the wear surface 
as shown in the grain boundary map Fig. 5.2 (b), indicating a sharp strain gradient in the 
subsurface material. This plastic stick-slip (PSS) instability is observed in all the self-
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mated wear tests of CuNiSn pins with velocities ranging from 0.05 ~ 0.75m/s, and 
applied load ranging from 0.1 – 10kgf (or 0.98 – 98 N) (see Fig. 5.4). The spacing of a 
full period PSS (defined by the distance between two adjacent „stick‟, or „slip‟ regions), 
measured by line intercept method from at least three different grains, increases with 
applied load as shown in Fig. 5.4, and is independent of sliding velocity studied here.  
 
Quite remarkably, in the vicinity of twin boundaries, grain rotations are sometimes 
observed to go against the rigid body rotation, as illustrated in Fig. 5. Fig. 5.3 (a) shows 
an EBSD map at a twin boundary with PSS formation in the top grain. Grain rotations 
along line A and B in the top and bottom grain are plotted in the {111} pole figures in 
Fig. 5.3 (c). For line A, the grain rotation shows a discontinuity in the pole due to the 
formation of a low angle grain boundary (see blue arrow in Fig. 5.3 (b)). For line B, the 
local orientation follows rigid body rotation first which then abruptly changes to the 
opposite direction, at ~ 4 µm below the surface (see Fig. 5.3 (b)). At the same depth, the 
grain boundary angle starts to deviate from 60
o
 to ~ 50
o
, as indicated by the red arrow in 
Fig. 5.3 (b). Interestingly, the boundary misorientation goes back to 55~60
o
 after the 
turning point. One possible explanation is that the system prefers a low energy 
configuration so that the bottom grain rotates against rigid body rotation in order to 
restore the twin relationship. 
 
5.4 Discussion 
During simple shear deformation of CuNiSn, orientation gradient zones with 
heterogeneous deformation patterns are observed in the vicinity of grain boundaries. The 
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OGZ is measured ~ 2 – 4 µm near a 50o high angle grain boundary, significantly smaller 
than the grain size ~ 150 µm. Kuo et al. [6] observed OGZs of ~ 20 µm on both sides of a 
15.7
o
 <112> symmetric tilt boundary in a 17 × 3 × 2 mm
3 
bicrystal of Aluminum after 
simple shear deformation of 0.56 shear strain. They determined the OGZ size by 
measuring the misorientation profile across the grain boundary with respect to the 
average crystal orientation. Mishra et al. [3] calculated misorientations in OGZ with 
respect to three references: the average orientation, original orientation, and orientation 
with smallest variation with immediate neighbors. For a ~ 15-20 µm grain, the OGZs are 
measured to be ~ 6-8 µm, with ~ 30% variance depending on the method used. These 
results suggest the OGZ size is closely related to the grain size, and the effect of OGZ 
will be become more significant for small grain size materials.  
 
While misorientation profile measurement provides one way to characterize 
microstructure heterogeneity and OGZ, this simple scalar representation however faces 
many limitations. For example, in Fig. 5.1, the misorientation profile in line B and C is 
similar while the final orientation differs by 8.81
o
. An alternative way is to characterize 
the lattice curvatures in terms of geometrically necessary dislocations (GNDs) [5, 22-23]. 
If elastic strains are neglected, GND densities can be calculated using Nye‟s tensor [24] 
from the orientation difference between neighboring points in space. Assuming simple 
shear deformation takes place on the SD-TD plane, with no deformation gradient along 
TD, 6 out of the 9 components of the dislocation density tensor can be obtained (see 
Appendix C for details of the calculation). The GND map of Fig. 5.1(a) is plotted in Fig. 
5.6 with the total GND density calculated by a summation of the six accessible 
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components of the dislocation density tensor. The average dislocation density is ~ 
1.4×10
15 
m
-2
, and maximum values of 4.1×10
16 
m
-2
 are calculated just below the sliding 
surface. These values are typical of heavily cold worked metals. Lines with high 
dislocation densities (see white arrow in Fig. 5.6) can be seen near grain boundaries, 
which are almost parallel to the sliding surface, possibly due to dislocation pile-up 
against GB. Fig. 5.7 shows the profile of GND density tensor components 𝛼𝑖𝑗  for line B 
and C marked on Fig. 5.1 (a), where i and j represent the direction of Burgers vector and 
dislocation line, respectively. Note the 𝛼32  components in B is much larger than C, 
indicating a higher density of edge dislocations with Burgers vector in ND and line 
direction in TD. These edge dislocations contribute to lattice rotation around TD, in 
agreement with the difference observed from grain rotations in the pole figure Fig. 5.1(b).  
 
We now turn to the case of the quasi-periodic microstructural instabilities that we 
observed systematically on the leading side of twin boundaries in the subsurface of 
CuNiSn pins after self-mated wear tests under 0.1 – 10 kgf load and 0.05 – 0.75 m/s 
velocity. Dorner et al. [25] observed a similar periodic lattice rotation a wavelength of 2–
4 µm in the vicinity of a grain boundary in bcc Fe-3wt.%Si deformed in compression. In 
the present work, however, our experiments suggest that it is the combination of an 
unstable sliding contact and the presence of twin boundaries that triggers the plastic 
instability. Indeed, when one of the two features was removed, the plastic instability 
disappeared, as seen in Table 1 (Table 1 provides a summary of our experiments 
regarding this instability). Firstly, regarding the particular role of twin boundaries, no 
instability was observed in the Cu-Ni-Sn bronze around general grain boundaries. 
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Furthermore, no instability was either observed in pure Ni after similar wear tests, and 
this Ni sample had a similar grain size but very few or no twin boundaries. Secondly, 
regarding the role of the sliding contact, when solid lubricants were added to the contact, 
the instability was no longer found in the bronze. We used two separate means to 
introduce solid lubricants, one is by using a counterface material that oxides slightly and 
produces a lubricious transfer layer; as we showed in Chapter 2, this is the situation when 
a 440C martensitic stainless steel is used as the disc material. With such a counterface 
material, no plastic instability was observed in the bronze pin, see Fig. 5.8. A second 
means that we employed was to insert a Ag foil in a split bronze pin, since Ag is known 
to be a solid lubricant near room temperature. In that case again, no plastic instability was 
observed, even though the counterface material was made of the same bronze used for the 
pin. Finally it is quite remarkable that the instability is always on the leading grain of a 
twin boundary. 
 
All these features are consistent with the explanation that the plastic instability requires a 
stick-slip instability at the sliding interface. The generation of stick-slip (or stick-slip-
separation) waves is a fairly common phenomenon at sliding surfaces [26]. Stability 
analysis of elastic solids in contact with fixed or moving obstacles shows the solution of 
the steady sliding is unstable and can lead to possible dynamic bifurcations [27-30]. 
Under specific conditions, a periodic response can be expected as an alternative to the 
stable response. Nguyen [27] studied the sliding contact of two coaxial cylinders and 
observed the existence of stick–slip–separation waves on the contact surface when the 
load is sufficiently strong or when the rotation of the cylinder is slow, in a similar way as 
Schallamach waves [26]. These elastic waves are the origin of the squeaking of brake 
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pads for instance. In the case of sliders of finite extension, furthermore, it is observed that 
the stick-slip wave initiates at the back end of the slider and travels toward the front end. 
This is due to the fact that tensile stresses are first generated at the back end of the slider. 
This picture would indicate that when the elastic stick-slip instability propagates at the 
surface, in general, the material is able to deform homogeneously along the sliding 
direction. The scattering of the stick-slip wave on a twin boundary, however, appears to 
trigger a plastic instability. Recall also that we observed the period of the instability 
increases with the load, a feature that is also observed for elastic stick-slip instabilities 
[30]. It is interesting to note that similar, and possibly related, instabilities have been 
observed in other dynamical systems. For instance, Prantil et al. [31] studied the dynamic 
nature of preferred orientations in planar crystals with two slip systems. They found that 
the analytical solution of grain rotation can be either monotonic or periodic, depending on 
the relative magnitude of the stretching, spin rate, and a microstructure parameter defined 
in terms of the slip system geometry. Tonks et al. [32] pointed out that these planar 
crystals rotate in a manner similar to coupled oscillators described by the Kuramoto 
model. Gavrielides et al. [33] found that by introducing an appropriate impurity at a site 
to the lattice of coupled chaotic oscillators, the dynamical behavior of the oscillators can 
be frequency locked into a periodic spatiotemporal pattern (the impurity in our case 
would be the twin grain boundary). Overall, the observation of plastic stick-slip 
instability is quite remarkable, but this is a complex phenomenon and more work needs to 
be done to fully establish the interpretation proposed here. At this time, it is also not 
known what selects the period of the plastic instability, and whether this period can 
inform us on the elastic stick-slip waves that would have triggered them. It would also be 
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interesting to determine experimentally whether this instability can take place in other 
materials, and what impact it would have on wear behavior. 
 
5.5 Conclusions 
Microstructural heterogeneity is observed in the vicinity of grain boundaries in 
polycrystal CuNiSn during simple plastic deformation induced by pin-on-disc wear test. 
The OGZ is measured ~ 2 – 4 µm near a 50o high angle grain boundary. The lattice 
curvature is studied in terms of geometrically necessary dislocations calculated from the 
orientation difference between neighboring points in space. Periodic microstructural 
instability is systematically observed at the leading edge of twin boundaries in CuNiSn 
pins after self-mated wear test. The dynamic response of steady sliding and the preferred 
orientation developed during plastic deformation are discussed on the basis of these 
observations. 
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5.7 Figures and tables 
 
Figure 5.1. Cross-section orientation map (with orientation in ND direction color coded 
according to the inset legend triangle) of grains  near a high angle boundary (a); {111} 
SD -TD pole figure of grain rotations along B and C lines marked on the orientation map 
(b); Point to origin misorientation profiles along A, B, and C lines, and grain boundary 
misorientation angle profile (c). 
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Figure 5.2. (a) Cross-section orientation map (color coded according to inset legend 
triangle), and SD-TD {111} pole figure (top right inset) with red and black color 
corresponding to regions indicated by red and black arrows on the map, and (b) grain 
boundary map with grain boundaries color coded according to the rainbow legend (top 
inset), and misorientation angle profile (with respect to orientation of point A) right 
below the sliding surface from point A to B (bottom inset).   
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Figure 5.3. (a) Cross-section orientation map color coded according to legend triangle, 
(b) grain boundary map with grain boundaries color coded according to the inserted 
legend, and (c) SD-TD {111} pole figures of regions along blue (A) and red (B) dashed 
lines in (a).  
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Figure 5.4. Cross-section SEM images of CuNiSn pins worn under (a) 0.1, (b) 0.5, (c) 1, 
(d) 5, and (e) 10 kgf load after self-mated pin-on-disc wear tests at a sliding velocity of 
0.05m/s at RT in air. Red arrows show the sliding direction of the mating disc and white 
arrows show twin boundaries. 
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Figure 5.5. Spacings of one full period of plastic stick-slip (PSS) instabilities verses load 
applied from self-mated wear tests of CuNiSn. Error bars are standard deviation from at 
least three different measurements. 
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Figure 5.6. Dislocation density map of Fig. 5.1 (a). The density is color coded according 
to the color bar. 
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Figure 5.7. Dislocation density components with respect to the original point along line B 
and C in Fig. 5.1 (a) vs distance from the sliding surface. 
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Figure 5.8. Forward scattered electron SEM images of cross-section of CuNiSn pin with 
Ag foil inserted (a), and CuNiSn pin after running against stainless steel (SS 440C) disc, 
at 0.5kgf load, 0.25m/s, for 2 hrs in air. White arrow indicates sliding direction of the 
disc. 
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Table 5.1 Summary of the presence (Y) and absence (N) of plastic stick-slip instability 
after wear tests with different pin and disc materials under 0.1 – 10 kgf load.    
Pin Disc 
Load/kgf 
0.
1 
0.
5 
1 2 5 
1
0 
CuNiSn CuNiSn Y Y Y Y Y Y 
Annealed 
CuNiSn 
CuNiSn Y N - - - N 
CuNiSn 
Stainless 
steel 
- N - - N N 
CuNiSn+Ag 
foil 
CuNiSn - N - - - - 
Ni CuNiSn N - N - - - 
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APPENDIX A 
DRY SLIDING WEAR OF COPPER 
 
A.1 Pin-on-disc wear tests of Cu 
Cu pins with a purity of 99.5%, 6.35 mm (or 0.25 inch) diameter, ~ 3-10 µm grain size, 
were purchased from Alfa Aesar. Besides the as-received state, we also investigated a 
second metallurgical state of the Cu, where the pin was annealed at 850˚C for 24hrs, with 
a final grain size ~ 30 µm. Pin-on-disc wear tests were performed using both as-received 
and annealed Cu pins against a 6 inch diameter CuNiSn disc at 0.98N - 98N load, 0.05 – 
0.25 m/s sliding velocity, for 1 – 2.5 hrs at room temperature in air. The steady state wear 
rates and friction coefficients of the as-received Cu as a function of applied load are 
reported in Fig. A.1. The wear rate increases sublinearly with load, with a power 
exponent of 0.73, and thus deviates from Archard‟s law. The friction coefficient increases 
as load decreases, as for the bronze pins (see Chapter 2). Both the wear rate and the 
friction coefficient are typical values for metals under dry sliding wear.  
 
 A.2 Microstructure of Cu after wear tests 
Cross-section samples of Cu pins are prepared for SEM and EBSD analysis as described 
in Chapter 2. Material transfer of Ni from the disc to the pin is observed ~ 10 µm below 
the wear surface in as-received Cu after wear test at 0.98N load, as shown in Fig. A.2 (a) 
and (b). Microcracks and flow lines are also present in this Ni riched layer, indicating 
severe plastic deformation and mechanical mixing at the subsurface. Furthermore, both 
the shape and composition indicate this Ni-riched layer is likely to be a debris particle 
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that is pressed in the Cu pin during wear. Fig. A.2 (c) shows a subsurface crack parallel to 
the sliding direction at a depth of ~ 8 µm below the surface. A debris particle that has 
formed on top of the surface is shown in Fig. A.2 (d). EDS analysis on the pin surface 
and wear debris (results not shown here) indicates that no oxides formed during wear.  
 
EBSD analysis on the cross-section of the as-received Cu pin after wear test at 0.98N 
load shows two types of structures. When a debris particle is present at the subsurface, 
grain refinement is observed over a depth ~ 10 µm, where the grain sizes continuously 
decreases to ~ 100 – 200nm near the surface, as shown in Fig. A.3 (a) and (d). The high 
image quality of Fig. A.3 (d) (compare with EBSD maps of as-received and solutionized 
CuNiSn in Fig. 3.2 (b) and Fig. 3.5 (a) from Chapter 3) implies a low dislocation density 
in these subdivided grains. Pole figures as well as ODF calculations (results not shown 
here) show the crystals in this layer are randomly orientated. When the debris particles 
are absent, i.e. material mixing is absent at the subsurface, such as those in Fig. A.3 (b) 
and (c), equiaxed grains ~ 2-3 µm in size are observed right below the sliding surface, 
indicating the occurrence of dynamical recovery in these grains. At a high load of 98N, 
subsurface recrystallization is observed in both as-received and annealed Cu (Fig. A.4 (a) 
and (b)). Another characteristic microstructure of annealed Cu is shown in Fig. A.4 (c), 
where subsurface materials comprise equiaxed grains ~ 3 - 5 µm in size. 
 
A.3 Recrystallization of Cu during sliding wear 
Dynamic recrystallization of metals depends on strain, temperature, impurity level, grain 
size, etc.[1-2]. In general, the higher the plastic strain, the lower the recrystallization 
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temperature. Materials with higher purity (i.e. lower impurity content) and smaller grain 
sizes recrystallize more readily. For copper with ~ 99.9 % purity, the recrystallization 
temperature and stored energy as a function of plastic deformation [3-4] are shown in 
Fig. A.5. The recrystallization temperature, which is determined as the peak position in 
the DSC curve, first decreases to ~ 170 – 200 oC for an equivalent plastic strain of 8 (or 
800%), then slightly increases by ~ 5 % for a plastic strain of 24. The onset of 
recrystallization can be estimated to be at minimum ~ 150 
o
C for pure Cu deformed to 
plastic strains larger than 4. The question is then whether this temperature is reached 
during the pin-on-disc wear tests. During sliding wear, flash temperature at contacting 
asperities is generally higher than the bulk temperature. According to Lim and Ashby [5], 
the flash temperature increases with sliding velocity and contact sizes. Thus at higher 
load, recrystallization is more likely to take place, in agreement with the current results 
(recrystallization takes place in Cu at 98N but not under 0.98N load). However, for 
sliding velocity of 0.25m/s, contact sizes of 1 – 10 µm, friction coefficient of 0.56, and 
thermal conductivity of 400J/msK, the flash temperature in Cu is estimated ~ 30 – 43oC, 
much lower than the recrystallization temperature. Another possible driving force for 
dynamical recrystallization is severe plastic deformation induced by sliding wear. Liao et 
al. [6] performed sliding wear test of Au thin film with tungsten tip at room temperature, 
they found grain growth and recrystallization at the tip by in-situ TEM. Zhang et al. [7-8] 
observed grain growth in nanocrystalline Cu under indentation at room temperature and 
liquid-nitrogen temperature. Li [9] suggested stress driven grain boundary migrations as 
the driving force for grain growth in these nanomaterials with two necessary conditions: 
high purity boundaries and nonequilibrium structures (with excess dislocations in the 
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boundary). Note in the present study, nano size grains are indeed observed at the 
subsurface of Cu (Fig. A.3 (d) and Fig. A.4 (b)), suggesting a similar recrystallization 
mechanism of Cu at room temperature induced by plastic deformation. More work is 
necessary to elucidate this point. 
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A.5 Figures 
 
Figure A.1. Steady-state wear rates and friction coefficients of as-received Cu running 
against CuNiSn disc at RT in air, under 0.98 – 98 N load.  
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Figure A.2. Cross-section forward scattered SEM images of as-received Cu pin under 
0.98N load (a), (c) and (d), and Ni element map of image (a) (d). Red arrow indicates 
sliding direction.   
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Figure A.3. Cross-section forward scattered SEM images of as-received Cu pin under 
0.98N load (a) and (b), and EBSD map of box area in image (b) with crystal orientation 
in ND (c), and EBSD map of box are in image (a) with crystal orientation in ND (d) color 
coded according to the inset legend triangle.  Red arrow indicates sliding direction.   
 
 
 
 
 
 
 
 
(c)(a) (b)
(d) 2
 µ
m
2
 µ
m
1
0
 µ
m
2
0
 µ
m
149 
 
  
Figure A.4. Cross-section EBSD maps of as-received (a), and annealed (b)(c) Cu pins 
under 98N load with orientation in ND color coded according to the inset legend triangle 
in (b). Red arrows indicate sliding direction.   
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Figure A.5. Stored energy and recrystallization temperature [3] (a) and DSC curves of 
pure Cu after different passes of ECAP [4] (b). 
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APPENDIX B 
 TAYLOR-TYPE CRYSTAL PLASTICITY MODELS 
 
B.1 Plastic deformation kinematics 
In order to develop Taylor type crystal plasticity models, we first briefly review the 
descriptions of plastic deformation in continuum mechanics. We consider two 
configurations as shown in Fig. B.1, the reference (undeformed) configuration and the 
current (deformed) configuration. For finite deformations, the deformation gradient 
tensor 𝐹, which translates a vector 𝑑𝑋 in the reference configuration to 𝑑𝑥 in the current 
configuration as 𝑑𝑥 = 𝐹𝑑𝑋, can be decomposed as  
                                                                𝐹 = 𝑅∗𝐹𝑃 .                                                     (B.1) 
The first part 𝐹𝑃  consists of volume preserving plastic deformation and defines an 
intermediate configuration. If elasticity is neglected, the intermediate configuration is 
then transformed into the current configuration by a rigid body rotation 𝑅∗. The velocity 
gradient tensor 𝐿 which describes the instantaneous deformation rate is related to 𝐹 as  
                                                          𝐿 = 𝐷 + 𝑊 = 𝐹 𝐹−1,                                           (B.2) 
where 𝐷 (stretch rate) and 𝑊 (spin rate) are the symmetric and skew-symmetric part of 𝐿. 
Note 𝐷 , 𝑊 , and 𝐿  are all in the current configuration. If expressed in the reference 
configuration, the stretch and spin rates are given by                  
                                              𝐷0 =  𝛾 
 𝛼 
𝛼 𝑚
 𝛼 , 𝑊0 =   𝛾 
 𝛼 
𝛼 𝑞
 𝛼                                 (B.3) 
where 𝛾  𝛼  is the shearing rate, 𝑚 𝛼 and 𝑞 𝛼  are the symmetric and skew-symmetric 
parts of the Schmid tensor (𝑏 𝛼 ⊗ 𝑛 𝛼 ) of slip system 𝛼 with slip direction 𝑏 𝛼  and slip 
plane normal 𝑛 𝛼 . It can be shown that  
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                                                𝐷 = 𝑅∗𝐷0𝑅
∗T , 𝑊 = 𝑅 ∗𝑅∗T + 𝑅∗𝑊0𝑅
∗T ,                          (B.4a) 
                                                         𝑅 ∗ =  𝑊 − 𝑊0 𝑅
∗.                                             (B.4b) 
 
B.2 Taylor-type model algorithm 
Crystal plasticity models differ in the treatment of strain compatibility and stress 
equilibrium at the grain level. Taylor-type models assume all grains experience the same 
macroscopic deformation, which means strain compatibility is satisfied while stress 
equilibrium is violated. Plastic deformation is achieved by applying 𝐿 repeatedly using 
small time increment (or equivalently, strain increment), and the orientation of individual 
grains are updated according to Eqn.(B.4b). Next, the algorithm of rate-dependent Taylor 
model is introduced. I developed this algorithm during the course ME 598 and the 
computer simulation codes were written in Matlab.  
 
1. For a given macroscopic deformation, the velocity gradient tensor 𝐿  is 
decomposed into a symmetric part 𝐷  and a skew-symmetric part 𝑊  in the lab 
frame (current configuration) as 
                                              𝐷 =
𝐿+𝐿′
2
, 𝑊 =
𝐿−𝐿′
2
,                                           (B.5) 
2. D and W are then converted into the crystal frame (reference configuration) by 
                                𝐷0 = 𝑔 ∗ 𝐷 ∗ 𝑔
T ,     𝑊0 = 𝑔 ∗ 𝑊 ∗ 𝑔
T ,                             (B.6) 
where 𝑔 is the rotation matrix at time 𝑡 that transforms the laboratory frame to the 
crystal frame. For an initial crystal orientation with Bunge Euler angles (Ψ, Θ, Φ), 
g is given by 
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g =  
−sinΨsinΦ − cosΨcosΦcosΘ cosΨsinΦ − sinΨcosΦcosΘ cosΦsinΘ
sinΨcosΦ − cosΨsinΦcosΘ −cosΨcosΦ − sinΨsinΦcosΘ sinΦsinΘ
cosΨsinΘ sinΨsinΘ cosΘ
 . 
3. The stress 𝜎0 is obtained from maximum work principle [3-4], i.e. for the given 
macroscopic strain 𝐷0, the stress state is the one that maximizes the total work 
𝑊 = 𝐷0 ∙ 𝜎𝑉 , where 𝜎𝑉  is one of the 28 vertex stress states in the single crystal 
yield surface (SCYS) for fcc materials (see Refs.[5-6] for a complete list of the 28 
stress states). 
4. A rate dependent equation 
                                       𝛾  𝛼 = 𝛾 0  
𝜏 𝛼 
𝑔 𝛼 
 
𝑛
𝑠𝑖𝑔𝑛(𝜏(𝛼)),                                      (B.7) 
is used to relate the resolved shear stress 𝜏(𝛼) and the corresponding strain rate 
𝛾  𝛼  of slip system 𝛼, where 𝛾 0 is the reference strain rate, 𝑔
 𝛼  is the reference 
slip resistance or critical shear stress, and the power n is the inverse of strain rate 
sensitivity. This strain rate is then used to calculate 𝐷0 using  
                        𝐷0 =  𝛾 
 𝛼 
𝛼 𝑚
 𝛼 =  𝛾 𝛼 0  
𝜏 𝛼 
𝑔 𝛼 
 
𝑛
𝑠𝑖𝑔𝑛(𝜏(𝛼))𝑚 𝛼 ,                   (B.8) 
where 𝜏(𝛼) = 𝑚(𝛼): 𝜎.            
5. Next, 𝜏 𝛼 is solved (call fsolve function in Matlab) from Eqn (B.6) and (B.8) 
using Newton‟s method with the initial guess 𝜏(𝛼) = 𝑚(𝛼): σ0 , where σ0  is 
obtained in step 3. The shear rate is calculated with work hardening  
𝑔  𝛼 =  𝐻𝛼𝛽𝛽  𝛾 
 𝛽  , 𝐻𝛼𝛽 = 𝑞𝛼𝛽 ℎ0  1 −
𝑔𝛼
𝑔𝑠𝑎𝑡
 , 𝑎𝑛𝑑 𝑞𝛼𝛽 =  𝑞 + (1 − 𝑞)𝛿𝛼𝛽  , 
where 𝑞 is the ratio between latent hardening and self hardening, and ℎ0 and 𝑔𝑠𝑎𝑡  
are parameters that can be obtained by fitting the shear stress-strain curve.  
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6. The calculated strain rate 𝛾  𝛼  from Eqn. (B.7) is used to obtain 𝑊0 in Eqn. (B.3). 
The change of rigid body rotation is given by [𝑑𝑅∗] = expm ( [𝑊] − [𝑊0] ∆𝑡) 
after solving Eqn. (B.4b) (expm: matrix exponential). Finally, the rotation matrix 
g at time 𝑡 + ∆𝑡 is updated by  
                                              𝑔𝑡+∆𝑡 = [𝑑𝑅∗]T[𝑔],                                           (B.9) 
which gives the new crystal orientation (Ψ′ , Θ′, Φ′).  
 
B.3 Textures predicted by FC and RC Taylor model  
To model the behavior of a polycrystal, 100 - 300 grains with random initial orientations 
are used. For full constraint (FC) Taylor model, the same velocity gradient tensor 𝐿 is 
imposed to all the grains. In the relaxed constraint (RC) Taylor model, several 
components of 𝐿 are relaxed (for example, Eqn. (4.4) (see Chapter 4) is used during 
simple shear deformation). For each grain, the above steps 1 - 6 are performed repeatedly 
in step sizes of 0.01 – 0.001𝛾0 (no difference is observed in this range of step sizes), and 
the final orientations of all the grains are plotted in {111} pole figures using equal area 
projection. The computation time for a total plastic strain of 200% is around 5 – 10 
minutes on a personal computer. Next, the results of texture evolutions during three 
different deformation modes are given. 
 
1. Plane strain compression 
For plane strain compression in the 3 direction, the velocity gradient tensor takes 
the form 
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𝐿 =  
1 0 0
0 0 0
0 0 −1
  . 
The predicted {111} pole figure by FC Taylor model with an effective strain of 2 
is shown in Fig. B.2(a), indicating the presence of copper {112}<111>, S 
{123}<634>, and brass {011}<211> texture components, in agreement with Ref. 
[7]. 
 
2. Uniaxial tension 
For uniaxial tension in the 3 direction, the velocity gradient tensor takes the form 
𝐿 =  
−1/2 0 0
0 −1/2 0
0 0 1
  . 
The predicted {111} pole figure by FC Taylor model with an effective strain of 2 
is shown in Fig. B.2(b), indicating the formation of <110> fiber parallel to the 
loading direction (3 direction), similar to Ref. [8]. 
 
3. Simple shear 
For simple shear in the 1- 3 direction, the velocity gradient tensor by FC Taylor 
model takes the form 
𝐿 =  
0 0 1
0 0 0
0 0 0
  . 
For RC Taylor model, eqn. (4.4) (see Chapter 4) is imposed. The predicted {111} 
pole figures at an effective strain of 1, 3 and 6 are shown in Fig. B.3 (a)-(f). FC 
Taylor model predicts the presence of 𝐵  1 12 < 110 >, 𝐵   11 2  < 1 1 0 >, and 
𝐴 fiber  111 < ℎ𝑘𝑙 > from strains of 1 – 6, with increased intensity of  𝐴 fiber at 
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high strains. RC Taylor model behaviors similarly to FC Taylor at strain of 1, but 
predicts a strong 𝐶  {100}<011> texture components beyond strain of 3, in 
contrast to FC Taylor. These predictions are in agreement with previous reports 
[9-10].  
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B.5 Figures 
 
 
Figure B.1 Multiplicative decomposition of deformation [11]. 
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Figure B.2 {111} pole figures of 100 grains after uniaxial compression (a), uniaxial 
tension (b) after an equivalent strain of 2. 
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Figure B.3 {111} pole figures of 300 grains simulated after simple shear deformation of 
an equivalent strain of 1, 3, and 6 by FC Taylor model (a) - (c), and RC Taylor model (d) 
- (f). 
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APPENDIX C 
DETERMINATION OF GEOMETRICALLY NECESSARY DISLOCATIONS 
FROM EBSD 
 
C.1 Determination of geometrically necessary dislocations from EBSD 
From continuity requirement of the displacement field, it can be shown that the 
dislocation tensor 𝜶 is related to the elastic distortion tensor 𝜷𝑒  as (see Ref. [1-6] for 
details) 
                                                        𝜶 = 𝑐𝑢𝑟𝑙(𝜷𝑒),                                                       (C.1a) 
                                           or         𝛼𝑖𝑘 = −𝜖𝑘𝑙𝑗
𝜕𝛽𝑖𝑗
𝑒
𝜕𝑥𝑙
                                                     (C.1b) 
in component form, where 𝜖𝑘𝑙𝑗  is the permutation tensor. The elastic distortion tensor is 
the sum of the elastic strain tensor 𝜀𝑖𝑗
𝑒  and the lattice rotation tensor 𝜔𝑖𝑗  
                                                         𝛽𝑖𝑗
𝑒 = 𝜀𝑖𝑗
𝑒 + 𝜔𝑖𝑗 .                                                      (C.2) 
For small deviations from a reference orientation, the lattice rotation tensor is 
approximated as [4] 
                                                         𝜔𝑖𝑗 ≈ 𝑔𝑖𝑗 − 𝛿𝑖𝑗 ,                                                      (C.3) 
where 𝑔𝑖𝑗 is Bunge‟s orientation matrix at each measuring point. Since generally the 
rotation gradient is considerably larger than the elastic strain gradient, we can neglect the 
later and obtain         
                                      𝛼𝑖𝑘 = −𝜖𝑘𝑙𝑗
𝜕𝜔 𝑖𝑗
𝜕𝑥𝑙
≈ −𝜖𝑘𝑙𝑗
𝜕𝑔𝑖𝑗
𝜕𝑥𝑙
≡ −𝜖𝑘𝑙𝑗 𝑔𝑖𝑗 ,𝑙 .                             (C.4) 
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During simple shear deformation, the deformation gradient in SD and TD is neglected 
(𝑔𝑖𝑗 ,2 = 𝑔𝑖𝑗 ,3 ≈ 0), and six none-zero components of the dislocation tensor are obtained 
as 
𝛼11 = −𝑔13,2 + 𝑔12,3 = 𝑔12,3 
𝛼12 = 𝑔13,1 − 𝑔11,3 = −𝑔11,3 
𝛼21 = −𝑔23,2 + 𝑔22,3 = 𝑔22,3      .                                  (C.5) 
𝛼22 = −𝑔21,3 + 𝑔23,1 = −𝑔21,3 
𝛼31 = −𝑔33,2 + 𝑔32,3 = 𝑔32,3 
𝛼32 = −𝑔31,3 + 𝑔33,1 = −𝑔31,3 
The dislocation tensor is a sum over all dislocation densities 𝜌𝑡  from dislocation type 𝑡 
with Burgers vector 𝑏𝑡     and line vector 𝑙𝑡    
                                                          𝛼𝑖𝑗 =  𝑏𝑖𝑙𝑗 𝜌
𝑡𝑁
𝑡=1 .                                                 (C.6) 
If only edge and screw dislocations are considered, for fcc materials, the total dislocation 
types 𝑁 = 18 with 12 from edge and 6 from screw dislocations. Due to the large 𝑁 in fcc 
materials, the selection of dislocation types that contribute to a given dislocation tensor is 
not unique. Nevertheless, a lower bound of geometrically necessary dislocation (GND) 
density can always be obtained as 
                                     𝛼𝑖𝑗 =  𝑏𝑖𝑙𝑗 𝜌
𝑡9
𝑡=1 , 𝑎𝑛𝑑 𝜌𝐺𝑁𝐷 =   𝜌
𝑡9
𝑡=1 .                                 (C.7)      
 
C.2 GND calculations for grain B1 
Grain B1 was obtained from polycrystal CuNiSn pin after self-mated wear test (see 
Chapter 4 for details on wear test and sample preparation procedure). Orientation maps 
were acquired using a voltage of 25 kV, and step size of 20 nm (Note, the calculated 
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GND density may dependent on the step size [5]). The GND density map of grain B1 is 
shown in Fig. C.1.(b), calculated according to Eqn.(C.7) at each point on the map. The 
average dislocation density is ~ 2.6×10
15 
m
-2
, and maximum values of 7.8×10
16 
m
-2
 are 
calculated just below the sliding surface. Two bands with high dislocation densities are 
observed at depths ~ 12 µm and ~ 14µm from the sliding surface, parallel to the sliding 
direction, as indicated by the arrows in Fig. C.1(b). The {111} pole figure (Fig. C.1 (c) 
and (d)) shows a sharp change in the trajectories of grain rotation at the same position. 
Dislocation density profiles with respect to the original point from the top line of the map 
shows a sudden increase of 𝛼12  and 𝛼32  components at the same positions, indicating a 
high density of dislocations with Burgers vectors in ND (3) and SD (1), and line 
directions in TD (2), both of which contribute to grain rotation around TD, in agreement 
with the orientation change observed in the pole figure Fig. C.1 (d).  
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C.4 Figures 
 
Figure C.1. (a) Cross-section orientation map (with orientation in ND direction) of grain 
B1 (orientation is color coded according to the inset legend triangle). (b) Dislocation 
density map of (a). The density is color coded according to the color bar. (c) SD-TD 
{111} pole figure of grain B1. (d) A magnified view of box area in (c) with arrows 
pointing the same positions as in (b). 
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Figure C.2. (a) Dislocation density components with respect to the original point along 
the top line in map Fig. C.1 (b). (b) 𝛼12  and (c) 𝛼32  profile from (a). 
 
 
(a)
(b)
(c)
